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Abstract
In 2006, a new A1-L12 Co-Al-W ternary system, where the L12 - γ
′ phase Co3(Al,W) coexists
with the FCC Co matrix, was discovered. This new L12 phase has been found to exhibit the
flow stress anomaly and is coherent with the matrix. It has been proposed that it can form
the basis of a new generation of high temperature alloys superior to nickel base superalloys, the
performance of which are reaching a plateau. The operating efficiency of jet engines ultimately
depends on the temperature capability of the materials used in the turbine. Therefore, this
possibility is of great interest to the gas turbine industry.
In this project, the influence of different alloying additions to Co-Al-W base alloys on the phase
metallurgy has been investigated. Alloys were fabricated by vacuum arc melting and hot rolling.
Mo, V and Fe lower the γ′ solvus temperature, whereas Ti and Ta are beneficial. Addition of Cr
improves the oxidation behaviour. However, too much Cr destabilises the γ/γ′ microstructure.
When a continuous phase field was established between Ni3Al and Co3(Al,W), it was found that
increasing the Ni content in the Co-Al-W-Cr base alloy increases the γ′ solvus temperature and
stabilises the γ/γ′ microstructure.
Alloying effects on oxidation behaviour were also studied. The oxide scale in the non-Cr con-
taining alloys was not found to be protective and the thickness was in most cases greater than
100µm after 196 hours at 800 ◦C. It was found that a 10 at. % Cr addition is sufficient to mod-
ify the oxidation behaviour such that a three-layer oxide scale is formed. The outer layer is an
Al2CoO4, spinel, the middle layer contains both CrO2 and Cr2O3, and the inner layer is Al2O3.
These three layers with low oxygen diffusivity adhere well to both the substrate and each other
and protect the alloy against high temperature oxidation.
Synchrotron and neutron diffraction experiments were performed on Co-7Al-5W-2Ta and Co-
6Al-6W-2Ti (at. %) alloys. The HRPD instrument at the ISIS time of flight neutron source was
found to produce the most satisfactory results, with the fundamental and superlattice peaks
being easily separable. The new I12 diffractometer at the Diamond synchrotron X-ray source had
poorer resolution. Thus, whilst more data was obtained, the results were less reliable. The new
Vulcan diffractometer at the Spallation Neutron Source at the Oak Ridge National Laboratory
also suffered from poor resolution, despite the high neutron flux that was available. The latter
two instruments, however, had the benefit of being able to perform in-situ loading experiments.
Hence, it was possible to assess the elastic behaviour of the two phases at temperature. It was
found that the -Ti containing alloy has a lower lattice misfit than the -Ta alloy, and that the
misfit values increase with temperature. The room temperature misfit is large and positive (∼
0.5 %), in contrast to the small negative misfit observed in nickel superalloys. It was found that
the Co3(Al,W) phase is less stiff than the Co matrix in all orientations, this is an undesired
feature which means that load shedding will occur to the γ phase.
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Chapter 1
Introduction
The history of human flight has its origins over 100 years ago, when the Wright brothers invented
the first successful powered airplane in 1903. Airplanes have not only changed the nature of
human transport and communication, but also brought people closer together. The number of
airplanes in the sky has increased dramatically, and the priority for the aerospace industry is to
maximise performance and minimise costs.
The engines are one of the most essential components affecting the performance of an airplane,
their improvement comprising around 50 % of the increase in fuel efficiency of the B787 over
legacy types such as the B767, with around half of this total being attributable to improvements
in materials. In addition, the use of titanium and composites in the airframe accounts for another
quarter of the improvement, roughly equal to the contribution from aerodynamics. Aircraft
engines run at high temperatures, in excess of 1550 ◦C in the turbine, and high pressures. In a
modern high bypass turbofan the majority of the air is accelerated by the first few fan stages
and bypasses the main engine.
The engine has changed from a piston engine to a gas turbine which has allowed the air flow
through the engine to increase by more than 70 times. A gas turbine engine is 20 times more
powerful than a piston engine of the same mass [1]. High performance alloys are used in the
construction of the modern gas turbine in order to achieve very high operating temperatures
and low weight.
1This chapter has been partially used in the author’s ‘9 Months Confirmation Report’ (2011).
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High temperature, high performance alloys are commonly termed superalloys. However, there
is no clear definition of a superalloy. An acceptable definition for a superalloy has in recent
years been: “an alloy developed for elevated temperature service, usually based on group VIIIA
elements, where relatively severe mechanical stressing is encountered and where high surface
stability is frequently required” [2]. Superalloys can be divided into three classes: nickel base
superalloys, cobalt base superalloys and the iron base superalloys. For the hottest section in
the turbine engine, nickel base superalloys are chosen due to their superior creep and fatigue
properties at high temperatures [3].
1.1 The Gas Turbine Engine
Mazime Guillaume patented the first idea of an axial jet engine in 1922, but it was only an idea
and never came to fulfilment. The big breakthrough was in 1926 when Dr. Griffith published
a theory of turbine design using an axial compressor and two turbine stages, giving a good
basis for designing a turbine engine. In 1928 the Englishman Frank Whittle submitted a patent
application for the first practical turbojet. This patent was widely studied in Germany and the
US, resulting in the first successful turbojet engine in 1937. At the same time, the German
physicists Hans von Obain and Max Hanhn designed their engine with an axial and centrifugal
compressor, and in 1939 their jet engine was the first to fly in the world.
Within a modern turbofan gas turbine there are four main areas (Figure 1.1): the fan, com-
pressor, combustor and turbine. Air is first inhaled into the fan, around 80 % of which is then
accelerated around the core to provide over half the thrust. The remainder enters the compres-
sor and is compressed, raising its temperature. The compressed air then enters the combustion
chamber and is mixed with fuel. In this high pressure environment, the mixture is ignited,
generating heat and producing additional gases, both of which raise the pressure further. Part
of this energy is then used to drive the turbine sections, supplying power to the compressor and
fan through connecting shafts. The remainder of the gas is ejected out through the exhaust
nozzle as a jet of fast moving air (hence the common name, “jet engine”). Generally speaking,
the power of the turbine engine is produced by taking air in as a normal speed and forcing it
out at a higher speed.
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Figure 1.1: An illustration of a gas turbine engine. Figure adapted from [6].
The turbine engine has a higher power-to-weight ratio, lower fuel consumption and requires
less maintenance than the piston engine. Therefore, the turbine engine has replaced the piston
engine due to their higher efficiency; latterly, turbofan designs have replaced turbojets, leading to
improvements in efficiency in commercial aircraft [4]. There are many advantages of the turbine
engine over the piston engine, but the disadvantages should also be taken into consideration.
One of the major problems of the turbine engine is bird strikes, where small birds are sucked
into the engine, which can result in engine failure and cause catastrophic accidents [1; 5]. Gas
turbines can also have lower thermal efficiency than piston engines, although generally they
out-compete piston engines because of their lower mass for aerospace applications. The other
problem is that the operating temperature in the combustion chamber is very high, so designing
and manufacturing the turbine with suitable materials can be very difficult and expensive. With
these advantages and disadvantages of the turbine engine, the engine designer has a large number
of factors to consider in the mechanical engineering and manufacturability of a design that is
aerodynamically and thermodynamically desirable. Frequently, this results in extensive testing
programmes; typically a derivative design takes up to 5 years and around US$1 bn to develop
(e.g. the Trent 1000 on the B787). A new design by an inexperienced design team can take
substantially longer; the P&W F-35 engine has currently cost in excess of US$3 bn and taken
over 12 years.
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1.2 The Development of Superalloys
In 1940 the first superalloy (N80) appeared and since then alterations to the composition and
the processing routes have been continuous. Figure 1.2 shows the development of superalloys
over the past 70 years.
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Figure 1.2: The evolution of the superalloys over the past 70 years. Figure adapted from [7].
The superalloy matrix gamma (γ) phase consists of a close packed FCC structure; the FCC
structure has a high modulus and contains many slip systems. With many slip systems, dis-
location locks are more likely to occur, hardening the material and resulting in homogenous
deformation. A low diffusivity and broad solubility of secondary elements in the γ matrix pro-
duces solution strengthening. In addition, the solutes that result in the precipitation of the
coherent primitive cubic gamma prime (γ′) phase are soluble in the γ at high temperatures.
The γ′ phase is interesting because its yield strength increases with temperature up to a limit
slightly below its solvus. In addition, the aluminium in the γ′ improves the oxidation resistance
of the alloy by forming alumina. The close packed FCC matrix is retained in order to maintain
high ductility and reliable rupture, creep and thermomechanical fatigue properties at relatively
high temperatures compared to e.g. the BCC system [3].
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The chemical composition is the core focus in terms of designing a new alloy, as not only the
microstructure but also the mechanical properties of are largely determined by the composition.
Since the 1930s, iron base superalloys have disappeared from the market; instead nickel base
superalloys are favoured as nickel is fully stable in the FCC structure at room temperature.
Other elements have then been added to precipitate the γ′ phase. In the early 1930s, aluminium,
titanium and niobium were added to produce coherent, creep-resistant γ′ precipitates. In the
late 1940s, molybdenum and other refractory elements, such as tungsten, niobium, tantalum,
rhenium and hafnium started to be added to provide solid solution strengthening. Chromium
is always a key element that is used in the alloy system to provide oxidation resistance via
chromia scale formation. Finally, carbon, boron and zirconium are referred to as grain boundary
strengtheners; these elements are found at the γ grain boundaries, often in carbides, where they
act to inhibit grain boundary sliding, improving the high temperature creep properties.
During the early alloy development period (early 1930s–1950s), strengthening elements were
added to the alloy to make the alloy stronger and this makes the microstructures of the super-
alloys rather complex. These additional phases could not be fully observed before the 50s, but
soon the electron microscope was invented which enabled us to observe the phases and relate
these to the alloy behaviour. Increasing the proportion of solid solution strengthening elements
such as rhenium, molybdenum and tungsten in the alloy too far resulted in the eventual precipi-
tation of topologically close packed (TCP) phases, particularly after creep at high temperature.
The common TCP phases are P , R, µ and σ [8]; these phases at high temperatures nucleate
voids and cause alloy embrittlement [9].
The processing of superalloys developed in four principal stages. The first superalloys (Nimonics)
[10] appeared in the 40s and were used in the wrought condition. They were used as sheet and
according to Figure 1.2, their temperature capability (1000 h/137 MPa creep life) was limited
to around 850 ◦C. To create complex component shapes and to provide better inclusion control
and control of ‘tramp’ elements such as sulphur and phosphorus, vacuum induction melting was
developed to remove the undesirable alloy impurities and improve the total alloy chemistry, which
was the second major processing route introduced in the 1950s [3]. Electroslag Refining (ESR)
was also developed in the 1970s to achieve even better control of alloy chemistry and inclusion
content. In the mid 70s, the directional solidification processing route was introduced for turbine
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aerofoils; this technique can produce a microstructure that contains columnar grains with lower
modulus; the lack of transverse grain boundaries in the microstructure can improve the thermal
fatigue life dramatically [2]. After directional solidification was developed, it was natural to
take the next step and produce single crystal alloys that eliminated all the grain boundaries.
The advantages of this processing route are enhanced creep ductility and improved thermal
fatigue resistance. In addition, by removing all the grain boundary strengtheners (carbon, boron,
zirconium), improved heat treatments could be developed to optimise the alloy properties [11].
1.3 Motivation and Aims
Gas turbine development is driven by the need to increase gas stream temperatures and thereby
increase efficiency to decrease fuel requirement and CO2 emissions, particularly at current oil
prices [12]. However, the potential to improve nickel superalloy temperature capability by in-
creasing the γ′ fraction, solvus temperature or adding refractory elements is now limited, with
the alloy system is increasingly being viewed as mature. Many researchers have attempted to
develop new engine designs, but in order to fulfill all the criteria, new superalloys with higher
temperature capability must be developed to replace the conventional nickel base superalloys.
In 2006, Sato et al [13] discovered that the Co-Al-W ternary system contains an L12 γ
′ phase
which has been identified as Co3(Al,W). It has been found that with the addition of Ta, the solvus
temperature of the alloys increased substantially, and could be at least ∼ 60 ◦C greater than the
γ′ solvus in, e.g. Waspaloy. Furthermore, adding Ta dramatically improved the strength [14].
The aim of this research is to follow up Sato’s discovery and develop an in-depth understanding
of this new alloy system. First, the physical metallurgy and oxidation behaviour of Co-Al-W base
alloys were investigated. This part of the work was fundamental to this project, and enabled
us to understand the alloying effects on the physical alloy properties and develop a further
understanding of the oxidation behaviour of the alloys. With these findings, it is possible to
develop an oxidation resistant Co-Al-W base alloy. Finally, for the first time, micromechanics of
deformation experiments were carried out on this new system. The results revealed how these
materials behave of the microscopic level during high temperature deformation.
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1.4 Thesis Structure
This thesis consists of seven chapters. Chapter one is the introduction, which briefly describes
the history of a jet engine and the efforts that have been put into developing alloys that are
used in jet engines. It also contains the motivations and thesis structure. The main objective
is to develop a polycrystalline Co-Al-W base alloys that can compete with current nickel base
superalloys and be used for the hot section of the gas turbine disc.
A comprehensive literature review is presented in chapter two. This chapter firstly describes
the requirements and manufacturing route of the turbine disc alloys, followed by, an up to date
review of the development of the Co-Al-W base alloys. Finally, the recent investigations of the
oxidation behaviour in this new alloy system are discussed. The literature has provided a survey
of published research relating to the topics studied in chapters four to six.
Chapter three describes the methodologies used in this study. It lists the polycrystalline hot
working ingot metallurgy processing route that has been developed and successfully applied to
the Co-Al-W base alloys. The alloy compositions that have been investigated and the underlying
reasons for selecting these compositions are provided. Characterisation techniques used in this
study are also briefly described in this chapter.
The physical metallurgy and oxidation behaviour of the polycrystalline γ′ strengthened Co-Al-
W base alloys is presented in chapter four. The actual compositions, γ′ solvus temperatures,
densities and Vickers hardnesses of the alloys were investigated using a range of different tech-
niques. The microstructures of the aged and oxidised alloys are recorded using scanning electron
microscope (SEM). The measurements and observations were compared to the literature.
Chapter five presents an in-depth study of the effects of alloying elements on the oxidation be-
haviour of the Co-Al-W base alloys at 800 ◦C. Both isothermal and cyclic oxidation experiments
were conducted and compared. The morphology, thickness and structure of the oxide scales were
recorded by SEM, and the composition of the oxide scale was determined by energy dispersive
X-ray spectroscopy (EDS). The small volume sections of each oxide layer, which was obtained
using a focused ion beam (FIB), were investigated by using a range of transmission electron
microscope (TEM). The composition of each oxide layer was measured by point EDS and the
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oxide structure was determined by comparing the diffraction patterns (which obtained by TEM)
with the simulated diffraction patterns generated by using the crystal maker software and the
crystal structures from the literature.
Chapter six describes the neutron and X-ray synchrotron diffraction experiments performed at
three major beamline facilities. The measurements from the experiments provided insight into
the lattice misfit and diffraction elastic constants at high temperature. This gives information
about the micromechanical deformation of this new Co-Al-W base alloy. The micromechanics
of the Co-Al-W base alloy were then compared to those of the nickel base superalloys.
A summary the major findings in this research project is given in chapter seven, along with
suggestions on further work, which are the key areas might that need to be focused on regarding
future Co-Al-W alloy development.
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Chapter 2
Literature Review
2.1 Designing Polycrystalline Disc Alloys
2.1.1 Introduction
A turbine disc retains the blades and transmits their force to the shaft, extracting mechanical
energy from the gas stream. It is one of the most important components of the engine. Typical
high pressure turbine blades experience temperature in excess of 1550 ◦C in the gas stream, while
the disc rims reach only around 650 ◦C. Even though the operating temperature of turbine discs
is lower than that of the blades, the disc experiences higher stresses so as to retain the blades.
The stress concentration at the fir tree root is also a concern. Therefore, at this location the
disc material must chiefly resist oxidation, creep-fatigue loading and thermo-mechanical fatigue.
At the bore of the disc the temperature is lower but the stress is higher, so fatigue is of greater
concern [7; 15; 16].
The material requirements for the disc alloys are therefore different from those of the blades.
Nickel base polycrystalline alloys have been used to make turbine discs for the past few decades.
Discs that are made of these alloys have demonstrated excellent high temperature strength,
toughness, and resistance against corrosive and oxidising environments. Also, the engine casing
provides containment of the failure of blade rather than disc, whose fragments can be projected
outwards with a force sufficient to breach the engine casing and cause a direct hazard to an
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airplane and its passengers. The uncontained disc failure is mitigated by designating discs as
safety-critical parts, which requires highly alloyed, higher strength materials [17]. The optimi-
sation of disc alloys properties requires the addition of other elements, making the alloy system
more complex.
Alloy chemistry and microstructural features have a significant influence on the mechanical prop-
erties of the alloys. Additional elements play an important role in terms of the alloy development
process. Moreover, the production of these alloys must be carefully controlled and the process
must be reproducible. In this section, the composition, microstructure and properties of the
disc alloys are discussed. Then, the strengthening mechanisms of the superalloys are explained.
Lastly, the manufacturing processes of the disc alloys are reviewed.
2.1.2 A1-L12 Disc Alloys
Current turbine disc alloys are based on the Ni-Al binary system. The phase diagram of this
binary system (Figure 2.1) shows that various solid solution phases exist. On the Ni-rich side
is the γ-Ni matrix. Beyond a certain level of Al content leads to the formation of a second
precipitate phase. The precipitate phase is denoted as γ′ and the nominal composition of this
phase is Ni3Al. This γ
′ phase gives strength to superalloys at high temperatures [7].
2.1.2.1 Chemistry and Microstructure
The γ phase is a disordered solid solution containing Ni atoms, with an FCC (A1) structure.
The γ′ has an ordered L12 structure where Ni atoms are located at the face centres and Al
atoms at the corners (Figure 2.2a, b). Because both phases have a cubic lattice with similar
cell size, a cube-cube orientation relationship is exhibited between these phases. Moreover, the
γ′ phase is coherent with the γ phase which makes the microstructure stable [20]. The small,
ordered γ′ precipitates are shown within the γ matrix in Figure 2.2c. These precipitates inhibit
the movement of dislocations, even at elevated temperatures, and hence strengthening the alloy.
An appropriate alloy heat treatment processing is critical as to optimise the microstructure
and therefore, the mechanical properties of the alloy. A standard heat treatment for a disc
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Figure 2.1: Ni-Al binary phase diagram calculated with Thermo-Calc software and the TTNI7 database
of thermodynamic parameters [18; 19]. Figure adapted from [7].
alloy is carried out in two stages. The first stage is solution heat treatment under a protective
atmosphere, where the temperature is close to the γ′ solvus temperature. If the solutioning
temperature is sub-solvus, primary γ′ remains undissolved, precipitates on the grain boundaries.
A typical size for this so-called primary γ′ in a turbine disc alloy is ∼ 1–10µm; these primary
γ′ precipitates have a grain-pinning effect which restricts the growth of the γ grains [22; 23].
Ni
Al
Disordered, FCC- Ordered, L12- γ γ'
a b
100 nm
Secondary 
Tertiary 
Matrix
γ'
γ
c
γ'
Figure 2.2: a) The FCC γ crystal structure. b) The L12 γ
′ crystal structure. c) Microstructure of Ni
base superalloy after ageing heat treatment, where both secondary and tertiary γ′ precipitated. Figure
adapted from [21].
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Alternatively, a super-solvus solution heat treatment eliminates the primary γ′ and so the γ
grains become larger and less uniform. Secondary and tertiary γ′ precipitates then nucleate
and grow during cooling from solution heat treatment. A second stage of the heat treatment
is ageing where the alloy is held around 700 ◦C for several hours in order to coarsen and grow
the γ′ precipitates. The secondary γ′ particles do not appear to coarsen during ageing. Instead,
the secondary γ′ size strongly depends upon the cooling rate from the solutioning. Tertiary γ′
precipitates are coarsened during the final ageing heat treatment. In a turbine disc alloy, the
secondary and tertiary γ′ are ∼ 100 nm and ∼ 50 nm in size, respectively. Ageing time is a very
important factor in determining the size of the tertiary γ′ precipitates; temperature affects the
tertiary γ′ fraction to a greater degree. As the tensile strength and the fatigue resistance are
affected by the size and the fraction of the γ′, optimisation of the tertiary γ′ distribution is an
important part of any alloy development programme. [24].
2.1.2.2 Alloying Additions
Most nickel base superalloys contain up to 40 wt. % of a combination of five to ten other ele-
ments. Elements typically used in nickel base superalloys are listed in Figure 2.3. Nickel, cobalt,
iron, chromium, molybdenum, rhenium and tungsten are partitioned to the γ phase, stabilising
it. Aluminium, titanium, niobium and tantalum promote the formation of γ′-Ni3X phases, so
these are known as the γ′ forming elements. Additions of small amounts of boron, carbon and
zirconium tend to segregate to the grain boundaries [3].
The effects of boron and zirconium on the alloy properties are quite similar. The atomic di-
ameters of these elements are very different from Ni and so they have low solubility in both γ
and γ′. Therefore they tend to segregate at the grain boundaries during solidification [25]. The
boron content is generally around 50–500 ppm in nickel base superalloys, playing an essential
part in the alloy composition as it forms borides. The commonest form is M3B2, which has a
tetragonal structure [26]. The shapes of the boride vary from blocky to half-moon [3]. Zirco-
nium is another minor addition element, which has been reported to remove tramp elements by
precipitating more stable compounds (e.g. Zr2S) [27]. However, information on MxZry is still
very limited in the literature. Nevertheless, the mechanical properties of alloys are improved
with these minor addition elements [3].
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Carbon combines with reactive and refractory metals (e.g. titanium, tantalum and hafnium) to
form carbides. MC, M23C6 and M6C are the most common carbides that form in nickel base
superalloys. In most of the nickel base superalloys, the FCC close packed MC is the major
carbide form, which precipitates at high temperature during solidification. A random cubic or
script morphology is often found; MC carbides also decompose slowly during heat treatment
and in service to the M6C & M23C6 forms [28].
With higher chromium content, MC reacts with the γ matrix in a temperatures of 760–816 ◦C
to form M23C6 (Chemical equation 1). M23C6 carbides can be either blocks or are cellular and
are located at the grain boundaries [7].
MC + γ −→ M23C6 + γ′ (1)
For example,
(Ti, Mo)C + (Ni, Cr, Al, Ti) −→ Cr21Mo2C6 + Ni3(Al, Ti)
M6C carbides are formed by the decomposition of MC carbide at slightly higher heat treatment
temperatures (815–980 ◦C). The formation reaction of M6C carbides is similar to that of the
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M23C6 (Chemical equation 2), but with a higher concentration of molybdenum or tungsten [7].
The reaction is important as both blocky M6C and γ
′ are used to strengthen the alloy at high
temperature.
MC + γ −→ M6C + γ′ (2)
For example,
(Ti, Mo)C + (Ni, Co, Al, Ti) −→ Mo3(Ni, Co)3C + Ni3(Al, Ti)
An excessive amount of refractory elements such as chromium, molybdenum, tungsten and
rhenium in the alloy promote the formation of undesirable intermetallic phases — Topologically
Close Packed (TCP) phase. Precipitation occurs during long term heat treatments or during
service at high temperature [3; 26]. In general, the TCP phase has the formula AxBy, where
both A and B are transition metals. Nickel base superalloys are often prone to the formation
of σ and µ phases: the σ phase has a tetragonal structure and is based upon the formula A2B
(e.g. Cr2Ru); the µ phase has a rhombohedral structure with the formula A6B7 (e.g. W6Co7)
[7].
TCP phases are hard, have a plate-like morphology and are often found at the grain boundaries.
As brittle intermetallics, they are preferred sites for crack initiation and propagation which leads
to low temperature brittle failure of the alloys, as well as loss of solid-solution strengthening as
the refractory elements are drawn out of the γ matrix. Therefore, the composition of the alloys
must be carefully controlled to avoid the formation of TCP phases [7–9].
2.1.3 Strengthening Mechanisms in Superalloys
A combination of strengthening mechanisms is used in nickel polycrystalline base superalloys,
which makes disc alloys exhibit excellent mechanical properties [7; 29]. These mechanisms
include grain boundary strengthening, where the presence of carbides and borides at the grain
boundary improve creep rate, rupture life and strain at elevated temperatures. Also, grain size
optimisation is important because of its influence on dislocation movement, which affects alloy
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strength and fatigue life. The nickel base superalloy is well known for its A1-L12 structure,
with solid-solution strengthening of the A1-γ phase as well as precipitation hardening from the
L12-γ
′ phase. These characteristics have significant contributions to the superior properties of
the alloy. The following section briefly discusses each strengthening mechanism of the nickel
base superalloys and provides useful information for investigating a new alloy system, such as
the Co-Al-W base alloys that are the subject of this thesis. Based on the knowledge from the
nickel system, potential methodologies for improving the new alloy system can be developed.
2.1.3.1 Grain Boundary Strengthening
Dislocation pile-ups
Grains are single crystals in different crystallographic orientations and are separated by grain
boundaries. Grain boundary dislocations exist in the grain boundary structure (Figure 2.4),
these are not mobiles dislocations and cannot produce extensive slip [30]. Dislocations pile
up at the grain boundaries, with the leading dislocation in the pile-up experiencing both the
applied shear stress and interaction forces with other dislocations in the pile-up. The leading
dislocation has the highest stress in the pile-up, which can approach the theoretical shear stress of
the crystal. This can initiate yielding on the other side of the boundary or nucleate a microcrack
at the boundary. Furthermore, dislocations piled up at the grain boundary produce a back stress
which opposes dislocation motion along the slip plane in the slip direction [31].
Grain boundary
Grain A
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Figure 2.4: Schematic illustration of strengthening from grain boundaries.
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Figure 2.5: Schematic illustration of dislocation pile-up at an obstacle. Figure adapted from [32].
The dislocations in the pile-up are tightly packed near the head of the obstacle and widely spaced
out toward the dislocation source (Figure 2.5). This is because all the dislocations are forced by
the applied shear stress to move from the source to the obstacle. The number of dislocation piled
up in a distance L along the slip plane between the source and the obstacle has been studied by
Eshelby, Frank, and Nabarro [33].
n =
KpiτsL
Gb
(2.1)
where n is the number of dislocations in the pile-up. K is a factor close to unity; for an edge
dislocation K = 1 - v, where v is the Poisson’s ratio. For a screw dislocation K = 1. τ s is the
average resolved shear stress in the slip plane. G is the applied shear stress and b is the Burgers
vector.
Equation 2.1 shows that the number of dislocations increases proportionally as the stress in-
creases, or the shear modulus and the Burgers vector length decrease. Other factors, including
the type of barrier, the material, the orientation relationship between the slip plane and the
structural features at the barrier, and temperature, may also influence the number of disloca-
tions [32].
Carbides and borides
The formation of carbides and borides has been previously discussed in Section 2.1.2.2. Gener-
ally, carbides and borides within the grains hinder dislocation motion, increasing the strength
of the alloy. However, grain boundary carbides and borides pin boundary movement, which
reduces the grain size and also inhibits grain boundary sliding [34].
The type and morphologies of carbides are important, as they will affect the mechanical prop-
erties of the alloys. Blocky-shaped M23C6 carbides improve the rupture strength by inhibiting
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grain boundary sliding. M6C carbides are more stable than M23C6 carbides at high tempera-
ture, so are more beneficial for the control of grain size in the wrought alloy processing route.
However, in some cases if cellular shaped M23C6 and Widmansta¨tten M6C carbides are precipi-
tated, these carbides are brittle [35], and therefore the ductility and rupture life of the alloy are
reduced. These carbide structures must be avoided by implementing the correct heat treatment
[7].
Borides, like carbides act as grain boundary strengtheners, increasing rupture strength. Further-
more, the addition of boron was found to produce a lattice strain in the γ′ phase and increase
the cohesive strength of the grain boundaries [36–39], thus increasing the yield strength of the
alloy. Although adding boron to the alloy has many beneficial effects on the mechanical prop-
erties, only low levels of boron are found in most of the alloys. This is because boron lowers
the alloy’s solidus temperature; excess boron doping induces boride rich regions, which results
in alloy cracking during cooling [40–42]. Therefore, the levels of boron are carefully controlled.
2.1.3.2 Grain Size Optimisation
Fine and coarse-grained microstructures
The grain size influences strength, creep, fatigue crack initiation and propagation. Therefore,
grain size optimisation and control is one of the primary goals in designing turbine disc alloys &
process routes. Experiments [43–45] show that finer grain size results in better tensile strength
and Low-Cycle Fatigue (LCF) life. This is because a fine grained alloy has more grain boundaries,
which provide strengthening by inhibiting dislocation glide. Figure 2.6 demonstrates the concept
Large grains Small grains
Figure 2.6: Schematic diagram demonstrating more dislocation pile-ups in the larger grain than in the
smaller grains.
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of how the dislocations pile-up in large and small grains. More dislocations can be piled up in
the larger grain size alloy allowing a larger force from the dislocation stress fields to be imposed
on the grain boundary wall.
Moreover, Huang et al. [45] reported that a finer grains improve fatigue life. It is known that
the total fatigue life of an alloy depends on both fatigue crack initiation and crack propaga-
tion. Fatigue cracks initiate on slip bands (or multiple slip systems), script-like carbides and
micro-voids at room temperature. Those slips bands (multiple slip systems) locally accumulate
inhomogeneous plastic strains. In a fine-grained alloy fewer dislocations pile-up in the grain,
therefore stress accumulation under cyclic loading is impeded, and the inhomogeneous plastic
strain is reduced. Hence, the fatigue crack initiation phase is prolonged [46].
The general relationship between the yield stress (σy) and the grain size (D) was proposed by
Hall and Petch [47]:
σy = σi + kyD
− 1
2 (2.2)
where σy is the yield stress, σi is the intrinsic resistance to dislocation movement, ky is the “lock
parameter” or hardening contribution from grain boundaries, and D is the grain diameter. Note
that both σi and ky are constants for a particular material.
The original Hall-Petch equation (Equation 2.2) was based on the grain boundaries acting as a
barrier to dislocation motion. The number of dislocations in the pile-up is expressed in Equation
2.1. When the source is located at the centre of a grain that has a diameter D, the number of
pile-up dislocations in the grain is given below,
n =
piτsD
4Gb
(2.3)
The stress at the tip of the dislocation pile-up must exceed some critical shear stress τ c, so that
dislocations are able to pass the grain boundary barrier. From Equation 2.3,
τc = nτs =
piτ2sD
4Gb
(2.4)
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The average resolved shear stress τ s in the slip plane is needed to overcome the grain boundary
barrier, which is taken as equal to the applied stress τ , less the intrinsic resistance stress to
dislocation motion τ i.
τs = τ − τi (2.5)
Therefore,
τc =
pi(τ − τi)2D
4Gb
(2.6)
and
τ = τi + (
τc4Gb
piD
)
1
2 = τi + k
′D−
1
2 (2.7)
The Hall-Petch Equation 2.2 is obtained by expressing Equation 2.7 in terms of normal stresses.
Note that the Hall-Petch mechanism is not valid for extremely fine-grained materials (∼ 10 nm)
[48; 49], as the size of the grains is so small that dislocations cannot pile-up [50; 51]. Therefore,
the yield stress decreases with decreasing grain size, producing weakening of the metal. This
phenomenon is called the inverse Hall-Petch effect, and it usually occurs in nano-crystalline
materials.
Better creep strength and minimisation of fatigue crack propagation are achieved by coarsening
the grains. When alloys are subjected to temperatures greater than 40% of the melting point
(Tm), creep becomes a significant problem. Grain boundary sliding occurs and so in the fine-
grained alloy, as there are more grain boundaries, sliding occurs more easily and cracks along the
grain boundaries are produced more easily [52–55]. It has also been reported that microcracks
are observed at the grain boundary triple point, where the triple point experiences high stress
during the process of accommodating grain boundary sliding [56; 57].
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Figure 2.7: Schematic illustration of how the mechanical properties of turbine disc alloys depending
upon the grain size. Figure adapted from [24].
Figure 2.7 illustrates how the properties of turbine disc alloys are affected by grain size. The
size of the grain can be altered by different heat treatment process (Section 2.1.2.1). Therefore,
it must be tailored to meet the need for the strength, creep and fatigue crack initiation and
propagation.
2.1.3.3 Solid-solution Strengthening the γ Matrix
Addition of soluble elements
Solid-solution strengthening of the γ matrix is achieved by the addition of different solute ele-
ments. Pelloux and Grant [58] reported that soluble elements in the γ matrix have slightly higher
atomic diameters than nickel, e.g. cobalt, iron, chromium, molybdenum, tungsten, rhenium,
vanadium, aluminium and titanium (Figure 2.3). The mobility of the dislocation movements
is inhibited by the mismatch in the atomic radius. Therefore, the matrix strength in the alloy
is increased. Aluminium and titanium are usually known to be the precipitation strengthening
elements in the γ′ phase. Solid-solution strengthening provides strength up to ∼ 815 ◦C (0.6
Tm) [58]; once temperatures is > 0.6 Tm, the γ strengthening is diffusion-dependent. Rhenium,
molybdenum and tungsten have high melting points and lower diffusion rates; these additions
enhanced the creep properties. They are expected to be the most effective solute elements in the
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matrix at high temperatures [59–62]. However, these solute elements must be carefully selected
and controlled as they increase the density of the alloy, refractory elements also promote the
formation of TCP phases.
Stacking fault energy
Alloying the γ phase therefore increases the solution strengthening of the matrix, which may be
emphasised by the stacking faults in the crystal structure. Before reviewing this phenomenon,
the relation between crystal structure and the slip systems is explained below.
First, slip is a process where a dislocation produces plastic deformation. Slip occurs in the FCC
lattice on the {111} plane in the <110> direction, where this slip plane has the highest atomic
density (the close-packed plane). a/2 <110> is the shortest lattice vector that connects an atom
at the cube corner to a neighbouring lattice point at the centre of the cube face; a/2 <110>
is therefore the Burgers vector. In Figure 2.8a, b illustrates the slip plane and direction in the
FCC crystal structure. A slip system consists of a slip plane and a slip direction.
Figure 2.8d shows that a perfect dislocation a/2 <110> can decompose into two Shockley
partial dislocations a/6 <121> + a/6<211¯>, as this lower the total energy. The explanation is
as follows:
The total energy for a perfect dislocation is given by,
G · b2 = G · (
a
2
< 110 >)2 = G ·
a2
4
· (12 + 12 + 02) =
G · a2
2
(2.8)
The total energy for two Shockley partial dislocations is given by,
2G · b2 = G · (
a
6
< 112 >)2 = 2G ·
a2
36
· (12 + 12 + 22) =
G · a2
3
(2.9)
By reducing the Burgers vector of the perfect dislocation to the two smaller Burgers vectors of
the partials, the total energy is reduced by G · a
2
6 . Therefore, it is energetically favourable for
a dislocation to decompose into two partial dislocations. There are repulsive/attractive forces
between these two partial dislocations; the larger the separation between these two partials, the
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Figure 2.8: a,b) The FCC crystal structure has a slip system consisting of the {111} plane and the
<110> direction. c) ABC stacking for the FCC crystal structure. d)Partial dislocations b2 and b3 along
{111} planes in FCC alloys.
smaller the repulsive force between them. On the other hand, if the distance between these two
partials is large, these two partials are attracted due to the surface tension. Thus the two partial
dislocations are separated by a faulted area, i.e. a stacking fault. A stacking fault is where the
normal stacking sequence of a crystal structure has been interrupted. e.g. the normal stacking
fault for an FCC structure in a close-packed position is ABCABC (Figure 2.8c). A stacking
fault in an FCC structure would appear as a missing A planes. Therefore, the stacking sequence
in this case is ABCBCA.
The total energy of a perfect crystal with the atomic planes stacked in a close-packed position
is lower than that of the crystal with a stacking fault, and the difference in energy is called
the stacking fault energy (SFE) [32], which influences the solid-solution strengthening of the
γ matrix. The SFE is inversely proportional to the distance between two partial dislocations
[63]. A low SFE alloy therefore has wider stacking faults that act as obstacles to inhibit the
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movement of dislocations, whereas a high SFE alloy has narrower stacking faults which are
easier for dislocations to cross-slip and climb, lowering work hardening [26; 64; 65]. Various
techniques are mentioned in Christian and Swann [66] to obtain SFE in nickel and its alloys.
Each technique is optimised for certain ranges of the stacking fault energy. Beeston and France
[67] have reported that alloying Fe, Cr, Al and Ti into pure Ni lowers the stacking fault energy,
and with more complex alloying additions can change the overall SFE [68–70].
2.1.3.4 Precipitation Strengthening the γ′ Phase
The precipitation of the γ′ phase in superalloys is a significant strengthening mechanism. The
presence of this phase increases strengthening as a function of temperature; the strengthening
depends upon the size of the precipitates, the volume fraction of γ′ and the Anti-Phase Boundary
(APB) energy, as these factors affect the interaction of the dislocations. Furthermore, the L12
precipitate structure is compatible with the FCC matrix, which induces lattice coherency strain
between the γ/γ′; the movement of dislocations can be altered by the coherency strain with the
matrix.
Dislocation-precipitate interaction models
In order for a dislocation to move through obstacles/particles, it needs to bend to an angle φ
(Figure 2.9), which measures the strength of the obstacle. If the obstacles are weak, very little
bending φ → pi is required by the dislocations in bowing around these obstacles before they are
sheared; for strong obstacles, dislocations need to double-back on themselves φ → 0 ◦, looping
around the obstacles before shearing occurs. The number of obstacles per unit length in a
L
φ
Figure 2.9: Dislocations glide at obstacles which are randomly distributed. Figure adapted from [71].
24 Chapter 2. Literature Review
dislocation line is dependent on φ. When φ ≈ pi, a relatively straight dislocation line occurs and
cuts through the obstacles. As φ ≈ 0 ◦, dislocation lines sweep through a larger area, therefore
encountering more obstacles [71].
There is a critical breaking angle φc for dislocations to bend between two obstacles, that have
spacing L. This angle φc requires a critical stress τ c. with the analysis of weak obstacles being
given by Friedel [72],
τc ≈ Gb
L
(cos
φc
2
)
3
2 (2.10)
As mentioned before, dislocations loop around unbreakable/strong obstacles, and thus the stress
required is obtained by putting φc = 0 in Equation 2.10,
τc ≈ Gb
L
(2.11)
The term Ls assumes that particles/obstacles are distributed in a square lattice array. However,
this an ideal case and usually the effective obstacles spacing L′ is used. Moreover, L′ is much
larger than Ls and is defined as,
L′ = Ls(cos
φc
2
)−
1
2 (2.12)
Note that the effective obstacle spacing L′ given above assumes that a dislocation sweeps through
an area, on average, in which only one new obstacle has been encountered. Ls = N
− 1
2 , where
N is the number of obstacles per unit area of slip plane. If the volume fraction (V f ) of the
obstacles in the alloy is still high enough, N is defined as,
N =
Vf
pir2s
(2.13)
where rs is the mean radius of circular section in any given plane, with the approximation of
spheres of r, which is given as,
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rs = (
2
3
)
1
2 r (2.14)
The de Wit-Koehler model [73] is another way to define the critical stress τ c. The dislocation is
considered to be free to change its orientation, which results in changing energy as the dislocation
bends. Thus, the curvature of the dislocation would change, which would also change the stress
that shears the obstacles. Therefore, the obstacles must apply a tension force T to prevent the
dislocation from rotating to an orientation that has lower energy. The de Wit-Koehler model is
more accurate than the Friedel model (Equation 2.10) and it is expressed as follows,
τc =
2T
bLs
[cos(
φc
2
)]
3
2 (2.15)
Therefore, combining Equation 2.12 and 2.15, the effective obstacle spacing L′ is given,
L′ = (
2TL2s
τcb
)
1
3 (2.16)
The equations above demonstrate that dislocation interactions are affected by factors such as the
strength, shape and size of obstacles. Furthermore, the critical stress for dislocation movement is
dependent on the obstacle spacings. Brown and Ham [71] report different models for dislocations
passing through a set of strong or weak obstacles.
Since the γ phase has the FCC structure, slip glides occurs on the a/2 <11¯0> {111} system. The
close-packed plane in the γ′ phase is also {111}, but the shortest lattice vector is a/2 <100>,
which does not reside in the close packed plane. It is still not clear what slip system is preferred in
the γ′ phase [7]. A single dislocation travelling in the γ phase cannot enter the γ′ phase without
creating an Anti-Phase Boundary (APB), since a substantial amount of energy is required to
form the unfavourable Ni-Ni and Al-Al bonds [74]. A second γ dislocation is required to restore
the γ′ lattice and remove the APB created by the first dislocation. Therefore, dislocations must
travel in pairs in the γ/γ′ structure.
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Now let us discuss the different types of dislocation interaction models in the γ/γ′ microstructure.
“Weakly” and “strongly” coupled dislocations are illustrated in Figure 2.10a, b. In the weakly
coupled dislocations model, the first dislocation cuts through the γ′ precipitates, follow by
a second dislocation that is pulled forward so as to reduce the Anti-Phase Domain (APD).
The distance between these two dislocations is labelled x, and this distance is larger than the
precipitate diameter (x> d). The second dislocation is assumed to be straight and will eventually
come into contact with the APD. The more APD that is cut by the second dislocation, the less
effective the precipitates become as obstacles. In the weakly coupled dislocation model the γ′ are
assumed to be spherical and the volume fraction of γ′ is small; often in this case the precipitates
are in the under-aged condition.
In the strongly coupled dislocation model, the γ′ precipitates are over-aged, and so larger in
size and greater in volume fraction. Figure 2.10b shows that the distance between the pair of
dislocations has reduced and is comparable to the precipitate diameter. The second dislocation
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Figure 2.10: a) A weakly coupled pair of dislocations shearing different coherent ordered precipitates.
b) A strongly coupled pair of dislocations shearing different coherent ordered precipitates. Shaded areas
represent the APD. c) Precipitates under the Orowan looping process. Figure adapted from [2; 71; 75].
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is in contact with the precipitates which the first dislocation has just passed through. As
the precipitate reaches a critical size, dislocations change from cutting the precipitates to by-
passing them. Figure 2.10c demonstrates the dislocation-precipitate interaction process for this
situation. As the dislocation line touches the precipitate, it bows around, and the stress requires
to bow is less than the stress required to cut through [21; 71]. Then, the dislocation bows around
the precipitate and forms a loop; this phenomenon is called the Orowan looping process. It is
important to note that bowing typically occurs with widely spaced precipitates. Therefore, if
the precipitate size is fixed, the strength of the alloy increases with volume fraction of γ′.
Figure 2.11 summarises the three types of dislocation-precipitate interaction processes. If the
diameter of the precipitates is less than Dc, pairwise cutting is preferred, which means a pair
of dislocations will cut through the precipitates. In the weakly coupled dislocations case, the
critical resolved shear stress (CRSS) increases with the precipitate size. However, in the strongly
coupled case, increasing the precipitate size has a negative effect on the CRSS. As the precipitate
size reaches Dc, the Orowan looping dominates. In this process, the larger the precipitate size,
the easier it is for dislocations to bow around them. Note that there is a sudden increase in
CRSS (between Dc and D*) after curve 2. This is because the first dislocation cannot shear
precipitates that have a size of Dc; the pair of dislocations are decoupled, which explains the
sudden increase.
CRSS
Vf
1/2
“Weak” “Strong”
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2
3
Pairwise cutting Orowan looping
Particle diameter
Dws Dc D
*b
Figure 2.11: Schematic illustration of how the theoretically expected CRSS and the dislocation-
precipitate interaction mechanisms change with γ′ diameter. Curves 1 and 2 are cutting changing from
weakly coupled pairs to strongly coupled pairs. Curve 3 shows the change in CRSS for Orowan looping.
Figure adapted from [75].
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Experimental data from [23; 76; 77] report that to achieve maximum strength, the diameter of the
γ′ precipitates should be at the transition between weak and strong coupling, (Dws). However in
a real, aged alloy, the precipitates occur in a distribution of sizes. Therefore, in order to predict
the dislocation behaviour in a real alloy, all the above effects have to be considered.
The yield stress anomaly
In most alloys, the yield stress decreases with increasing temperature. However, superalloys
exhibit a yield stress anomaly, where the yield stress increase with increasing temperature (Fig-
ure 2.12). Typically, the yield stress increases until the temperature reaches 700–800 ◦C [7].
For temperatures greater than 800 ◦C, the yield stress decreases dramatically. The temperature
dependence of the 0.2 % flow stress graph is often plotted to show the effect.
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Figure 2.12: The yield strength of pure polycrystalline Ni3Al at temperatures from room temperature
to 900 ◦C. N. B.The lines are a guide for the eyes. Figure adapted from [78–80].
The anomalous yielding effect in γ′ alloys is caused by the formation of Kear-Wilsdorf locks. It
is known that the activated slip plane for the L12 phase is the octahedral {111} plane, but at
elevated temperatures the slip plane changes from {111} to the cubic {100} plane. The locks
are formed during cross slip from ({111} to {100}) of the screw dislocation, where dislocations
are mobile in the {111} plane and sessile in the {100} plane. This change in operative slip
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system with temperature was first observed by Copley and Kear [81]. The APB energy in the
L12 structure produced by the a/2 <110> dislocation pair, which has the lowest energy on the
{100} plane [74]. Therefore, dislocation pairs on the {111} plane trend to cross slip onto the
{100} plane to reduce the total energy [82]. This cross slipping process is thermally activated,
so that the yield stress increases with increasing temperature.
Beardmore et al. [83] have investigated the behaviour of 0.2 % flow stress as a function of
temperature in different alloys, as shown in Figure 2.13. As the temperature increases, the 100 %
γ alloy exhibits a continuous decrease in flow stress apart from a “hump” at a temperature of
∼ 600 ◦C which is due to strain-ageing effects in the γ matrix. For the γ′-containing alloys,
the yield stress increases with increasing volume fraction of γ′. Hence, the higher the volume
fraction of γ′, the stronger the alloy at high temperatures. The previous section on “Dislocation-
precipitate interaction models” demonstrates the importance of spacing between precipitates and
the effects on the critical stress on the alloy; the spacing between the precipitates is dependent
on the volume fraction of γ′. Therefore, volume fraction of γ′ is important when it comes
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Figure 2.13: Temperature dependence of the 0.2 % flow stress varies with alloys with different volume
fractions of γ′. Figure adapted from [83].
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to designing a new alloy system, but what is the volume fraction that must be achieved in a
alloy? Among the alloys in Figure 2.13, the 100 % γ′ alloy has the highest flow stress at 900 ◦C.
However, it also has the lowest yield stress at low temperatures. The alloy containing 80 % γ′
has a slightly lower yield stress than the 100 % γ′ alloy, but the maximum flow stress is still at
900 ◦C, with the small amount of γ not altering the shape of the flow stress curve. The flow
stress rapidly decreases after the temperature reaches 900 ◦C, as the γ′ precipitates that are
formed at 900 ◦C dissolve on further heating. In a typical cast and heat treated polycrystalline
superalloy, the γ′ volume fraction lies between 60–70 % [84]. At low temperatures, the γ matrix
is used to strengthen the alloy. At high temperatures, the γ′ precipitates increase the flow stress.
Thus, alloys containing a balance of γ and γ′ give maximum benefit to properties.
Coherency strain
The coherency strain of the γ/γ′ interface is another important effect to be considered, as this is
the strain required to maintain a coherent interface between the γ and γ′ phases (Figure 2.14).
The distortions associated with the coherency strain affect the internal energy of the localised
lattices, and this in turn affects the dislocations, potentially providing an additional source of
strength.
Alloys with low coherency strains
aγ ≈ aγ'
Alloys with high coherency strains
aγ < aγ'
Figure 2.14: Schematic diagram of different coherency strains in superalloys. Figure adapted from [85].
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The coherency strain is directly related to the γ/γ′ lattice misfit parameter δ, defined as,
δ =
2(aγ′ − aγ)
(aγ + aγ′)
(2.17)
where, aγ and aγ′ are the lattice parameters of the γ and γ
′ phases.
Decker and Mihalisin [85] show that by increasing the misfit from < 0.2 to 0.8 % on the Ni-
Al-X ternary alloy system, where X is a metal, the peak hardness doubled. This observation
also agrees with the theory proposed by Gerold and Haberkorn [86]. The increment of critical
resolved shear stress (CRSS - ∆τ cs) associated with the coherency strains is defined as follows,
∆τcs = 3G
3
2 (
r¯Vf
2b
)
1
2 (2.18)
where, G is the shear modulus of γ,  is the constrained lattice strain, r¯ is the mean particle
diameter, Vf is the γ
′ volume fraction and b is the Burgers vector.
From this equation, ∆τ cs increases with coherency strain, particle diameter, and the volume
fraction of γ′. The coherency strains in superalloys can be altered by alloying with different
additions. It has been summarised by Decker [29] that:
1. The lattice parameter of γ′ increased by alloying titanium, tantalum and niobium into the
alloy, as these elements partition to the γ′ phase, hence increasing the coherency strains.
2. Chromium, molybdenum and iron partition to the γ phase, and as these elements expand
the lattice parameter of the γ phase, the coherency strains are decreased.
3. Alloying cobalt into the alloy has little effect on the coherency strains.
It is important to note that the coherency strain is based on the magnitude of the lattice misfit
not the sign, as the misfit can be either positive (aγ < aγ′) or negative (aγ > aγ′). Furthermore,
it is expected that the thermal expansion coefficients of the γ and γ′ phases are different, because
the γ′ phase has an ordered structure, so the thermal expansion of the γ′ phase is considerably
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less than that of the γ phase. Therefore, the magnitude of the misfit tends to increase with
temperature in a negative misfit alloy and decrease in an alloy that has a positive misfit [87].
The magnitude of the lattice misfit may be large enough that it produces a strain field that
hinders dislocation motion, and so improves alloy strength. It has also been suggested by e.g.
Reed [7] that lattice misfit is one of the driving forces for coarsening. Directional coarsening
(rafting) occurs at high temperatures when the γ/γ′ microstructure changes dramatically. The
formation of the rafted microstructure could be beneficial or detrimental to the creep strength,
depending on whether the rafted γ′ is parallel or perpendicular to the stress axis, as this can
inhibit or promote dislocations from climbing and gliding [84].
Coarsening of the γ′ phase
γ′ precipitates nucleate and grow from the supersaturated γ matrix at a temperature just below
the solvus. Initially, small γ′ precipitates are kinetically favourable (i.e. nucleate more easily).
However, small precipitates have a larger surface area to volume ratio, so it is thermodynamically
favourable (i.e. lower surface energy) to grow lager precipitates. During thermal exposure above
0.6 Tm [3], small precipitates slowly disappear in favour of the growth of large precipitates;
this phenomenon is called Ostwald ripening [88], more commonly known as coarsening. It is
important to know the coarsening rate of the γ′ precipitates, as the size of the precipitates must
be controlled to avoid dislocation bypass.
Ostwald ripening was first reported in 1900, however, it was sixty year later when Lifshitz and
Slyozov [89], followed independently by Wagner [90], developed the basic theory of particle
coarsening, commonly known as the LSW theory. This theory enables us to make quantitative
predictions about particle growth during long time coarsening behaviour. The theory predicts
that the change in average particle size is proportional to the cube root of time and can be
expressed as R¯ ∝ (At)1/3, where R¯ is the average particle radius, t is the time, and A represents
a combination of factors that relate to the type of material. A more specific kinetic model of
the precipitate growth model from the LSW theory is given as follows,
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R¯ = (
8ΓeDCeV
2
m
9RT
· t)
1
3 (2.19)
where, Γe is the specific γ/γ
′ interfacial energy, D is the diffusion coefficient of γ′ solutes in γ,
Ce is the equilibrium γ
′ solute content in γ, V m is the molar volume of the γ′ and R is the gas
constant [89].
It has been observed that the composition has a significant effect on the coarsening rate [3]; the
coarsening rate of γ′ in Ni-Cr-Ti-Al alloys decreases with increasing chromium content. This is
due to chromium partitioning to the γ phase and that titanium and aluminium are γ′ formers
and have some solubility in the γ matrix. As the amount of chromium content increases in the
alloy, the equilibrium γ′ solute content in the matrix (Ce) is reduced. Furthermore, it reduces
the coherency strain of the γ/γ′ interface, which has the consequence of a reduction in Γe. Low
diffusivity elements such as cobalt, molybdenum and tungsten in the alloy significantly retard
the γ′ coarsening rate, as sufficient atomic mobility is required for the precipitates to grow.
The power 1/3 in the coarsening law (Equation 2.19) has been demonstrated by Jayanth et al.
[91] for Ni-Al alloys, and it has been proven that the growth rate of the precipitates does apply
to the law. The LSW theory also predicts an asymptotic particle size distribution. However,
a wider and more symmetry particle size distribution has been observed in the experimental
data. In the LSW theory, the volume fraction of the precipitates is assumed to be zero, but this
assumption obviously does not correspond to real alloy systems. Therefore, volume fraction of
the γ′ phase has to be taken into consideration for more realistic coarsening models. A lot of
effort has gone into modifying the LSW theory for the coarsening process at non zero volume
fractions [92].
2.1.4 The Processing Route For Disc Alloys
Ingot and powder metallurgy are the two processing routes for turbine disc alloys. The powder
metallurgy processing route is used for the most advanced turbine discs such as Rene 95 and
RR1000. This route eliminates segregation due to rapid solidification rates; a forgeable mi-
crostructure with excellent mechanical properties is achievable. Discs produced by the powder
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metallurgy route have superior mechanical properties but often are more expensive. Therefore,
alloys such as Waspaloy, IN718 with lower levels of strengthening elements are prepared by lower
cost ingot metallurgy, also referred to as the cast and wrought billet-processing route.
2.1.4.1 Ingot Metallurgy
Ingot metallurgy involves three melting stages, which are Vacuum Induction Melting (VIM),
Electro-slag Refining (ESR) and Vacuum Arc Remelting (VAR). The VIM process occurs under
vacuum using induction coils carrying alternating current, which cause eddy currents to heat
and eventually melt the metal. Alloy chemistry is principally achieved during the VIM process,
with the most volatile elements such as aluminium being added at the end of the melting. ESR
is a secondary melting process carried out in air where the electrode produced by VIM is melted.
Highly reactive slags (normally based on CaF2 with addition of CaO, MgO and Al2O3) react
with the molten metal droplets from the electrode. This removes impurities such as oxides and
sulphur, reducing the inclusion content. The final stage of melting is VAR. The solid ingot,
obtained from previous melting in the VIM and ESR processes, is loaded into the copper cooled
crucible and it is also used as a consumable electrode. During the melting process, once the
vacuum is established a DC arc is struck between the electrode (cathode -) and scrap covering
the copper cooled crucible (anode +), forming a molten pool of metal. Once the entire electrode
1. Vacuum Induction Melt 2. Electroslag Refine 3. Vacuum Arc Remelt
4. Homogenise 5. Cog 6. Forge 7. Heat treatment
Figure 2.15: Processing stages for the production of turbine disc alloys by ingot metallurgy. Figure
adapted from [3; 93].
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is remelted a long ingot is formed [94]. After all the melting processes, a high temperature super-
solvus heat treatment is applied to homogenise the microstructure. The ingot is then hot worked
to reduces its grain size and achieve approximately the correct diameter. This is often known
as the cogging process. Forging is then applied to turn the cylinder of metal into a shape that
is close to the turbine disc, while a sub-solvus temperature is retained throughout the forging
process to ensure fine grain structure. Finally, the disc undergoes a series of heat treatments
that develop the appropriate strengthening phases to give the high temperature properties. The
sequence of the ingot metallurgy route used for the production of turbine disc alloys is shown
in Figure 2.15.
2.1.4.2 Powder Metallurgy
Figure 2.16 illustrates the sequence of the powder metallurgy processing route. For a typical disc
application, the first step is to triple melt the raw materials by using VIM, ESR and VAR. Then,
the ingot will be made into a fine powder by a process called atomisation, where a molten metal
is poured into a tundish, passes through a ceramic nozzle, and gas jets blow through the nozzle
with a constant high pressure inert gas (usually argon), which breaks up the molten metal into
spherical particles of 20 to 300µm in diameter. The atomisation chamber is designed to be long
enough for particles to fall under gravity and solidify before reaching the collector. In the third
VIM
VAR
ESR
2. Atomisation 3. Hot Isothermal Pressing
4. Extrude
5. Forge 6. Heat treatment
1.
Figure 2.16: Processing stages for the production of turbine disc alloys by powder metallurgy. Figure
adapted from [93].
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step, the Hot Isothermal Pressing (HIP) process is used to densify the powder into a metal ingot
in order to obtain good mechanical properties and workability; the atomised metal powders are
enclosed in a steel container inside a special high pressure vessel, and high temperature and
pressure gas is applied in every direction to deform the container and compact and sinter the
powder. The temperature and the pressure on the container are crucially important as it affects
the densification. The resulting ingot is then extruded and forged into a disc shape. Finally an
appropriate heat treatment is applied to optimise the mechanical properties of the disc alloy.
2.1.4.3 Dual-microstructure Heat Treatment
The rim region of a turbine disc is connected to the turbine blade and experiences a higher
operating temperature, hence creep and dwell crack growth properties are required. The bore
operates at lower temperatures than the rim region, but the bore must support the entire
assembly and so these areas experience extreme centrifugal stresses. Therefore, the tensile and
LCF properties need to be maximised. To achieve a turbine disc alloy with optimised properties
in both the rim and the bore region, the Dual-Microstructure Heat Treatment (DMHT) approach
has been developed [96; 97]. The most low-cost method to produce the dual microstructure for
the disc alloy was developed by NASA (Figure 2.17). The rim region is heat treated above
the solvus to dissolve the primary γ′ pinning the grain boundaries, allowing a coarse-grained
microstructure to develop. Cold thermal blocks are placed in the bore region; this reduces the
Thermal block
Thermocouple
Upper insulation 
Bore hole
Lower insulation 
Disc
Thermal block
15 cm diameter by 5.1cm
3.8 cm 35 cmDisc5.1cm
Figure 2.17: Schematic of the thermal fixtures for the DMHT demonstration effort. Figure adapted
from [95].
2.1. Designing Polycrystalline Disc Alloys 37
heat transfer to the bore and the temperature at the bore region remains sub-solvus. Hence,
the grain boundaries remain pinned and a fine-grained structure is retained. Insulation jackets
are also used to further slow the temperature transfer to the bore region. This method allows
the production of a low cost single disc component with a dual microstructure that has optimal
properties for each region [98; 99].
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2.2 Co-Al-W Base Alloys
2.2.1 Introduction
Cobalt base alloys have been investigated for potential use in high temperature applications.
However, it is known that nickel base superalloys are the primary choice for the gas turbine due to
their γ/γ′ microstructure that strengthens the alloy at high temperature. Carbide and refractory
elements are used to strengthen conventional cobalt base superalloys, but in comparison with
most of the nickel base superalloys, the maximum temperature capability of solid solution cobalt
base superalloys is lower by around 150 ◦C [3], which limits their range of applications. Therefore,
cobalt base superalloys are often restricted to static applications such as vanes or combustion
chambers, where their superior environmental resistance and weldability are advantageous [100;
101].
The cobalt alloy systems contain many L12 Co3X phases: Co3Al [102; 103], Co3W [104; 105],
Co3Ta [106; 107] and Co3Ti [108; 109]. Co3Ti is the only L12 stable phase in the binary system,
but the strength of this γ′ phase is restricted to 750 ◦C, which is much lower than the nickel
base superalloys which retain their strength up to ∼ 1340 ◦C (the third generation nickel base
superalloy CMSX-4) [2; 110]. The lattice misfits of these Co3X phases are more than 1 %.
The lattice misfit affects the growth and coalescence of the γ′ precipitates as it provides a
larger surface energy for coarsening. For typical nickel base superalloys the lattice misfits vary
between - 0.1 and + 0.5 % [7]. Therefore, cobalt alloys are not widely used in high temperature
applications due to instability of the γ′ phases and the lack of strength at high temperature.
However, a stable high misfit L12 phase might in principle be ductile and have high strength,
for example if coarsening were to be kinetically inhibited.
In 2006, Sato et al. [13] discovered a new phase in the Co-Al-W ternary, with an ordered
L12 structure. This new L12 structure is a stable ternary γ
′ compound at 900 ◦C and it is
identified as the Co3(Al,W) phase. The lattice misfit between the γ and γ
′ phases is ∼ 0.53 %
[13] allowing the cuboidal Co3(Al,W) phase precipitates to exist in the γ cobalt matrix with a
high degree of coherency; a transmission electron micrograph is shown in Figure 2.18a. Since the
microstructure of the Co-Al-W alloys is similar to nickel base superalloys, it is expected that the
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Figure 2.18: a) Transmission electron micrograph of Co-9Al-7.5W (at. %) alloy, aged at 900 ◦C for 72 h.
b) Selected area diffraction pattern. c) Isothermal section diagrams of the Co-Al-W ternary system at
900◦C. Figures adapted from [13].
strengthening mechanisms of the nickel base superalloys are applicable to the Co-Al-W system.
Furthermore, knowing that the composition range for this L12 phase is small (Figure 2.18c), an
incorrect ratio of these elements would result in precipitation of either B2-CoAl, DO19-Co3W or
µ-Co7W6. These phases would reduce the mechanical properties of the alloy. Since the discovery,
experiments and theoretical calculations have been performed to try to understand this new
alloy system and it is believed that this exciting discovery provides a possible research direction
for the development of new high temperature superalloys. With incremental improvements in
the temperature capability of conventional nickel base superalloys reaching a plateau [7] this
is attractive, as jet engine operating efficiency improvements are driven by an increase in the
temperature capability of the superalloys used in hot section components such as turbine blades
and discs. The development of the Co-Al-W base alloys is still at an early stage; this review
gives the opportunity to comprehend the recent investigations in this new system and it provides
the backbone of this research project.
2.2.2 Alloying Effects on Co-Al-W Base Alloys
In nickel base superalloys the γ′ forming elements Ti, V, Nb and Ta increase the γ′ solvus
temperature and γ′ fraction. Cr, Fe, Ni, Mo and Re strengthen the γ matrix, but may reduce
the volume fraction of γ′ [16; 111]. Co-Al-W is a potential next generation superalloy system and
given the similar crystal structures, lattice parameter and melting point of Co to Ni superalloys.
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and quinary Co-Al-W alloys. Figure adapted from [14; 112–115].
As a first approximation the behaviour of alloying elements in Ni is taken and attempted to
apply these to Co-Al-W alloy system.
The original Sato paper has now been cited over 100 times, with many groups exploring the
phase metallurgy of this alloy system, although work is still in the early stages. The γ′ solvus
temperature increases with increased Al and W content [112; 113]. Figure 2.19 summarises the
effect of composition on the γ′ solvus temperature and also considers the attainable γ′ volume
fraction, in the context of the literature. The first observation is that the solvus temperature and
volume fraction increase as W is added [14; 112–115], making the alloys super-stoichiometric.
However, it has now been shown [116] that the Al solubility in the matrix is higher than that
of W, so alloys with more W than Al will find it easier to form stoichiometric Co3(Al,W) and
hence W additions have a disproportionate effect.
In general, additions of Ti, Ta and Nb increase both γ′ solvus and fraction, especially Ta, which
can increase the solvus temperature by more than 100 ◦C. Meanwhile 2 at. % of Fe, Cr, Ni and
Re in the Co-9Al-7W base alloy decrease the γ′ fraction and have little effect on the solvus
temperature. Mo additions to Co-9Al-7W base and Co-9Al-10W base alloy decrease the γ′
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fraction in both alloys, but with the higher W content of ∼ 10 at. % in the alloy, Mo lowers
the γ′ solvus temperature. In Co-9Al-7W base alloy, V increases the γ′ solvus and fraction,
whereas in Co-9Al-10W base alloy, V decreased both solvus and fraction. It appears that V is
a γ′ former, at least in the case of alloys such as the ones considered here that are, due to the
higher solubility for Al than W in the matrix, relatively lean in W content. However, for alloys
that are W-rich, the V is neutral or partitions to the γ matrix. In the Co-9Al-10W base alloy,
2 at. % Si addition decreases both γ′ solvus and fraction markedly.
As well as a high γ′ solvus and volume fraction, low density is also a goal in alloy design. To
achieve lower density in this alloy system, the refractory metal (W) content needs to be reduced.
This can be accomplished by adding lighter elements to the alloy whilst still achieving a γ/γ′
microstructure with a sufficiently high solvus temperature. It is interesting to note that Ta
additions, whilst being very effective, will be almost as deleterious in terms of density as W.
Nb is in the second row of transition elements whilst Ti is in the first row and therefore these
additions may well be quite desirable on the grounds of density.
Tantalum plays an important role in the quaternary alloys and with W content < 10 at. %, Ta
addition improves both the γ′ solvus and fraction. Quinary alloying effects on the Co-9Al-8W-
2Ta base alloys have been examined by Bauer et al. [113]. Adding 2Ta-2Si to the alloy decreased
the γ′ solvus and fraction, in agreement with the quaternary Co-9Al-10W-2Si alloy. It is clearly
shown that Si tends to partition to the γ matrix and therefore destabilises the γ′ phase, and
with the addition of 2Ta-2Si to the alloy, the γ′ fraction had been reduced dramatically when
compared to Co-9Al-8W-2Ta. The expensive and very dense addition of Ir appears to be very
beneficial to the solvus temperature. By comparing the effect of adding 2Ta into Co-9Al-7W
base to the addition of 2Ta-2Cr to Co-9Al-8W base, it appears that once equality between the
W+Ta and Al contents has been achieved, Cr might be less deleterious to the γ′ fraction. In their
study [113], 2Ta-2V seemed to be beneficial while 8 at. % W is in the alloy, 2Ta-2Mo increased
only the γ′ fraction. Furthermore, 2Ta-2Nb decreased the γ′ solvus and fraction, whereas in
Ooshima et al. [112], Nb addition was beneficial; as with Cr, presumably this is a consequence
of the Al/(W+Ta) ratio.
There are some caveats to be made when making comparisons between different groups’ findings
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in Figure 2.19. Note that the ageing conditions were slightly different among different groups.
Ooshima et al. [112] aged their Co-9Al-XW base alloys (X = 6, 7, 8 at. %) at 850 ◦C for 96 h,
at temperatures 100 − 220 ◦C below the solvus. The Co-9Al-9W base alloys [14] were aged at
900 ◦C for 150 h, 100◦C below its solvus. Similarly, Xue et al’s [115] Co-9Al-10W base alloys
were aged at 900 ◦C, 100–200 ◦C below the solvus for 300 h. Finally, a temperature of 900 ◦C,
200 h aged condition was used for the quinary Co-9Al-8W-2Ta based alloys [113]. No tertiary γ′
were observed in all the alloys above, and γ′ fractions for these alloys were obtained in the listed
ageing conditions. Ageing conditions such as temperature and time are important as different
conditions will alter the γ′ size and fraction percentage.
Shinagawa et al. [117; 118] found that there is a continuous phase field linking γ′ Co3(Al,W) to
γ′ Ni3Al, as there is between the γ Ni and Co phases. This leads to the hypothesis that γ/γ′
alloys might be found anywhere along the continuum in between, and therefore the Co-Al-W-Ni
system is of great interest. In particular, it was found that the solvus temperature increases
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with increasing Ni content and that the size of the γ/γ′ two phase field also increased with Ni
content. An isothermal section diagram of Co-Al-W-XNi alloy (X=10, 30, 50, 70 at. %) system
at 900 ◦C is shown in Figure 2.20. Note that when Ni content is over 50 at. %, the γ′ phase exists
without the presence of W in the alloy. It was mentioned that the solvus temperature increases
with increasing W; thus W is a γ′ forming element. However, in the Co-Al-W-Ni system the
solubility of W in the γ phase increases with increasing Ni, and it changes from a γ′ former to
a γ former. Cuboid-shaped γ′ precipitates are observed in the low Ni content alloys, but when
the Ni content is ≥ 50 at. % the γ′ precipitates change from a cuboidal to a spherical shape due
to a decrease in the lattice misfit of the alloy.
2.2.3 Phase Equilibria and Long Term Phase Stability of Co-Al-W Base Al-
loys
Sato et al. [13] claimed that in the Co-Al-W ternary system, the γ′ phase is stable at 900 ◦C, but
metastable at 1000 ◦C. They observed the γ′ phase to co-exist with the A1 γ-Co, B2 β-CoAl,
DO19 χ-Co3W and D85 µ-Co7W6 phases at 900
◦C. These secondary phases in the system may
be detrimental to the mechanical properties of the alloy. Therefore, these secondary phases in
the system need to be examined. It is also important to study alloying effects on the long term
phase stability.
Phase equilibria in the Co-Al-W ternary systems were investigated by [119–121]. Miura et al.
[119] show that two three-phase regions composed of Co-CoAl-Co7W6 and Co-Co7W6-Co3W
were presented in the Co-Al-W ternary system at 1000 ◦C. Microstructural observation shows
that Co solid solution is the primary phase to form from the liquid; to be able to form a three
phase region of Co-CoAl-Co7W6, it is suggested that eutectic reactions occur in both Co-Al
and Co-W binary systems at 1400 ◦C: L → Co + CoAl and L → Co + Co7W6, and there is a
monovariant trough between these two binary systems that forms Co + CoAl + Co7W6. The
other three-phase region of Co-Co7W6-Co3W was produced by reaction of Co + Co7W6→ Co3W
at 1090 ◦C. According to Sato et al [13]; Co3(Al,W) is a metastable phase at 1000◦C, and it is
supposed that Co3(Al,W) is obtained by a ternary peritectoid reaction of Co-CoAl-Co7W6, with
another ternary peritectoid reaction of Co-CoAl-Co3W producing Co3(Al,W). The formation of
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Figure 2.21: Back scattered electron images of the diffusion-couple heat treated alloy (Co- 27Al and
Co-15W at. %) at 900 ◦C for a) 500 h, b) 2000 h. Figure adapted from [120].
Co3(Al,W) in the ternary Co-Al-W system involves a complicated sequence of reactions and
four three-phase regions can be expected in the ternary alloy: Co + CoAl + Co3(Al,W), Co +
Co3W + Co3(Al,W), CoAl + Co7W6 + Co3W and CoAl + Co3W + Co3(Al,W).
More recently, Kobayashi et al. [120] showed that γ′ formed with a coarsened shape and in
contact with γ, CoAl and Co3W after a 900
◦C/500 h heat treatment. With a further 2000 h
heat treatment, the γ′ fraction reduced significantly. γ′ became metastable and decomposed into
γ, CoAl and Co3W, as shown in Figure 2.21. Sato et al. [13] claimed that the γ
′ phase is stable
at 900 ◦C, but from the experiments done by Kobayashi et al. It is clearly demonstrated that γ,
CoAl and Co3W are thermodynamically in equilibrium at 900
◦C. The formation of secondary
phases also depends on the W content in the alloy. Oohashi et al. [121] investigated Co-Al-W
alloys with W concentrations of 9W, 11.5W and 11.75W at. %, heat treated at 900◦C for 168 h.
These alloys had a γ/γ′ microstructure, but secondary phases CoAl and Co3W6 arose when the
W content increased to 12 at. %.
The effects of alloying elements on the thermodynamic stability of the γ′ phase have also been
studied by Omori et. al [122] in alloys based upon Co-8.8Al-9.8W which were aged for 196 h at
900 ◦C. It was found that with alloying of 2 at. % of Cr, Ta, Mo, Mn, Fe and Si, a microstructure
of γ + γ′ + CoAl + Co3W was observed in all the alloys. However, only trace amounts of γ′
precipitates appeared in these microstructures, and γ, Co3W and CoAl phases were often in
contact with one another to form a three-phase region. These observations again proved that
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γ′ is metastable at 900 ◦C and dissolves in the heat treatment process to form γ, Co3W and
CoAl. On the other hand, Xue et al. [115] reported that with alloying of 2 at. % Ti and V into
the Co-9Al-10W base alloy and a heat treatment at 900 ◦C for 300 h, no secondary phases were
detected in the microstructures. These two alloying elements raised the γ′ solvus temperature
and also enhanced the thermodynamic stability of the γ′ phase. However, as the level of the Ti
and V were increased to 4 at. %, the formation of the Co3W phase was promoted.
Long term ageing heat treatment on Co-Al-W base alloys for up to 2000 h were also carried
out by Kobayashi et. al [123]. It was shown that in the quaternary alloy Co-9.4Al-7.9W-
2.2Ta after being aged at 900 ◦C for 1000 h and 2000 h, formed discontinuously precipitated
colonies, consuming the γ/γ′ cuboidal microstructure. The coarsened colonies consisted of a
microstructure of γ + γ′ + CoAl + Co3W. The volume fraction of γ′ phase in the alloy is
decreased from 1000 h to 2000 h. It has been mentioned in many papers that Ta is a γ′ stabiliser,
with the addition Ta to the alloy increasing the solvus temperate and volume fraction of γ′. In
this study Ta was found to partition to the Co3W phase more than the γ
′ phase at 900 ◦C; thus
the Co3W phase hindered the formation of γ
′ phase. However, according to the Co-W binary
phase diagram, it is expected that Co3W has lower stability at higher temperatures. Therefore
at temperature greater than 900 ◦C, the effect of Ta to stabilise the γ′ phase has become more
obvious. The study also showed that a small addition of Hf (< 0.3 at. %) in the Co-9.5Al-8.7
base alloy stabilised the γ′ phase at 900 ◦C, with the γ′ phase found to be in equilibrium with
γ, CoAl and Co3W even after ageing for 2000 h.
2.2.4 Mechanical Properties of γ′ Strengthened Co-Al-W Base Alloys
The anomalous yielding effect in the γ′ phase allows superalloys to exhibit yield stress increases
with increasing temperature. In nickel base superalloys, this phenomenon has been studied
for more than 50 years and the mechanisms behind it are explained in Section 2.1.3.4. The
temperature dependence of the 0.2 % flow stress of Co-Al-W base alloys has been investigated
by [119; 124; 125]. However, knowledge of the flow stress anomaly in this new cobalt base alloy
is still limited and needs further exploration.
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Compression tests were carried out to determine the temperature dependence of the strength in
Co-Al-W alloys. Three regions of interest have been observed in Figure 2.22a. The flow stress in
the first region decreases from room temperature to ∼ 600 ◦C, but a weak positive temperature
dependence of strength is shown in the nickel base superalloys [3; 7; 126]. A large negative
dependence of strength is observed in the L12-Co3Ti alloys [127; 128]. Miura et al. [119] have
pointed out that the strength of Co3(Al,W) at room temperature is 200 MPa higher than that
of Co3Ti. It is still unclear from the literature as to the reason for the yield stress decreasing
rapidly at low temperatures, but it has been suggested that these alloys are primarily controlled
by solid solution hardening at low temperatures [129; 130]. In the second region, there is a
flow stress anomaly at temperatures between 600 ◦C and 800 ◦C, which means the flow stress
exhibits a strong, positive dependence on temperature. Suzuki et al. [14] demonstrated that
as the Co-Al-W base alloys are deformed at temperatures of 800–900 ◦C, regular Shockley type
dissociation of {111} dislocations is observed in the Co3(Al,W) precipitates. Thus, formation of
Kear-Wilsdorf locks occurred and this gave rise to the stress anomaly. According to Suzuki et al.
[14], at temperatures above 900 ◦C, the flow stress decreases as the temperature increases due
to the transformation from the γ′ to γ phases. The γ phase is the stable phase at temperatures
above 900 ◦C.
Figure 2.22a shows the temperature dependence of the 0.2 % flow stress in various compositions
in ternary Co-Al-W alloys. Due to both the Al and W content varying in these alloys, it is
difficult to obtain a direct relationship between the composition and the yield stress anomaly.
Nevertheless, Co-10Al-12W has the highest flow stress at temperatures greater than 900 ◦C.
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Figure 2.22: The temperature dependence of the 0.2 % flow stress of a) Co-Al-W alloys, b) with addition
of alloying elements in Co-Al-W based alloys. Figures adapted from [119; 124; 125].
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This may be explained by the dissolution and/or coarsening of the γ′ precipitates in other alloys
in this temperature range during the test. Figure 2.22b demonstrates the effect of alloying on
the yield stress anomaly. Addition of Re to the alloy lowerd the solvus and γ′ volume fraction,
and in the flow stress curves the Re-added alloy exhibited the lowest yield stress of ∼ 300 MPa
at a temperature of 600 ◦C. As mentioned before, Ta partitions to the Co3W phase at lower
temperatures, but as the temperature rises to between 800–900 ◦C, Ta acts as a γ′ stabiliser.
Therefore, the yield stress for the Co-8.8Al-9.8W-2Ta alloy is 200 MPa higher than the Co-9.2Al-
9.5W alloy at temperatures greater than 800 ◦C. The yield stress of Co-7.8Al-7.8W-4.5Cr-2Ta
is comparable to that of Co-8.8Al-9.8W-2Ta at 800 ◦C. However, the yield stress of Co-7.8Al-
7.8W-4.5Cr-2Ta rapid decreases above 800 ◦C due to the low γ′ solvus temperature. Boron is
used to strengthen the grain boundaries in superalloys; small amounts of boron in the alloy
can drastically improve the ductility by inhibiting intergranular fractures [131]. Shinagawa et
al [125] reported that alloying 0.02 at. % B in Co-9.2Al-9.5W-0.02B, resulted in a highest yield
stress of ∼ 700 MPa at a temperature of 800 ◦C. It is important to note that with the addition
of Ta and B to the base alloy, as shown in Figure 2.22b, the yield stress of the alloy can achieve
∼ 700 MPa at 800 ◦C.
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Figure 2.23: The temperature dependence of the 0.2 % flow stress of Co-Al-W base alloys and compared
with the conventional Ni and Co base superalloys. Figures adapted from [119; 124; 125].
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For comparison, the 0.2 % flow stresses of the Ni and Co base superalloys are included in Figure
2.23. This figure clearly shows that Co-Al-W base alloys have better yield stress than sheet
Ni base superalloy (IN617), wrought (Haynes 188) and cast (MarM302) solid solution Co base
superalloys at temperatures greater than 800 ◦C. The yield stress in the conventional Ni cast
superalloy (MarM247) at 800 ◦C is ∼ 900 MPa, which is nearly 300 MPa higher than that of the
Co-Al-W base alloys. At temperatures greater than 900 ◦C, Co-8.8Al-9.8W-2Ta has a higher
yield stress than MarM247. Despite the flow stress in these Co-Al-W base alloys being lower
than that of the conventional Ni base superalloys, but it has been suggested that, this new alloy
system has the potential for further improvement [14].
2.2.5 Elastic Properties of the L12 Co3(Al,W) Phase
Knowledge of the elastic properties of both the γ and γ′ phases is critical for a fundamental
understanding of the mechanical behaviour of the Co-Al-W base alloys. Lattice misfit (δ) is an-
other of the most important microstructural parameters to determine the mechanical properties
in the superalloys, defined as δ = 2(aγ′ − aγ)/(aγ + aγ′) [7]. Positive lattice misfit is observed at
both room temperature and elevated temperature during high-energy X-ray diffraction experi-
ments [114; 132; 133]. An example of this positive misfit behaviour in the Co-Al-W base alloys
is shown in Figure 2.24, after Pyczak et al. [132]. The {002} diffraction peak of an unloaded
specimen (Co-9Al-9W-0.1B) was recorded at room temperature and elevated temperature; the
{002} diffraction peak is a combination of the peaks of the γ and γ′ phases. The overall shape of
the peak is fitted by a Pseudo-Voigt function and the intensity of each phase is according to its
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volume fraction. At room temperature, a clear separation of the γ/γ′ was observed in the {002}
diffraction peak. The lattice parameter was 0.3581 nm for the γ phase and 0.3609 nm for the γ′
phase; the lattice misfit was 0.78 % which is in good agreement with Sato et al’s [13] 0.53 %. As
the temperature increases, the shape of the {002} peak became more symmetric and the lattice
misfit was still positive, 0.35 % at 850 ◦C and 0.1 % at 900 ◦C. Therefore, Pyczak et al. were
able to show the lattice misfit reduces with temperature. This reduction in misfit results from
different thermal expansion coefficients of the γ and γ′ phases. The volume fractions of the two
phases may also change near solvus [134].
Positive misfit would be expected to lead to directional coarsening (rafting) parallel to the
applied tensile stress [135]. Microstructural stability is favoured by small lattice misfits, i.e. low
surface energies that provide the driving force for coarsening. Since the lattice misfit in the Co-
Al-W base alloys is different both in sign and magnitude to most nickel base superalloys, there
will presumably be differences in the mechanical behaviour. The magnitude of the lattice misfit
varies strongly with temperature [136; 137], therefore it is important to study this dependence
over a range of temperatures up to the γ′ solvus. Diffraction measurements were performed by
Yan et al. [133] to obtain the lattice misfit and thermal expansion of the γ and γ′ phases using
both neutron and synchrotron X-ray diffraction. The thermal expansion coefficient of the γ was
found to be 13.4 x 10−6 K−1, similar to reference data for pure Co, 13.0 x 10−6 K−1 [138]. The
γ′ phase had a greater thermal expansion coefficient, of 16.0 x 10−6 K−1, than the γ phase.
Thus, the lattice misfit increased with increasing temperature. However, between 700–750 ◦C
the increase in lattice misfit appears to cease, which is at the point where dissolution of the γ′
begins. This observation is in agreement with Pyczak et al.’s [132] data.
It is also important to understand the load partitioning between the γ and γ′ phases that arises
due to stiffness differences. Load partitioning will affect the stresses that evolve in the two phases
during creep, both during particle shearing and non-shearing regimes. It will also affect the
driving force for rafting in the very high temperature creep regime. Recently, both experimental
and theoretical calculations of the moduli of the two phases at cryogenic temperatures have been
performed [139–142]. Density functional theory calculations suggest that the shear modulus G
(at 0 K, in the loading direction) of the γ′ is rather large, which would increase the resistance
to dislocation motion and hence improve the strength. Furthermore, the intrinsic ductility of
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the intermetallic is determined by the ratio G/B, where B is the bulk modulus. The calculated
data suggest that γ′ phase behaves in a brittle manner. However, the experimental data for a
polycrystal at 5 K suggest that G/B< 0.5, which would make the γ′ intrinsically ductile [141].
It has been shown that in nickel base superalloys, the moduli are temperature dependent. To
the authors’ knowledge no data has been published for the γ′ moduli for these Co-Al-W base
alloys at both room and elevated temperatures.
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2.3 High Temperature Oxidation
2.3.1 Introduction
High temperature oxidation occurs when an alloy is subjected to an oxygen-enriched environment
at elevated temperature. A protective oxide in the alloy is needed to prevent further oxidation.
The efficiency of the engine is proportional to the thermal energy that is converted to the
mechanical power. This relates to the theoretical maximum work (wmax), which is given by:
wmax =
T − T0
T
· q (2.20)
where, T is the operating temperature, T 0 is the ambient temperature and q is the heat ex-
changed.
This clearly shows the higher the operating temperature, the greater the efficiency in the engine.
If the efficiency of the engine can be improved, this would lower the cost and reduce the green-
house gas production per unit of output [143]. To be able to increase the operating temperature,
it is important to design an alloy to withstand air at high temperatures and still maintain good
mechanical properties. Current disc alloys are made of nickel base superalloys which contain γ′
precipitates to strengthen the alloy at high temperature. During high temperature oxidation,
aluminium from the γ′ precipitates is depleted to form oxide. Depending on the chemical com-
position of the alloy, internal void formation, oxide scale spallation and internal oxidation can
all result in a loss of mechanical properties [144; 145].
Currently, the oxidation resistance in nickel base superalloys results from the formation of a
protective layer of Cr2O3 and/or Al2O3. Unlike oxides of pure nickel that grow too fast to be
acceptable as protective scales, those of Cr2O3 and/or Al2O3 are slowing growing oxides. It
is important to predict the scale growth rate, so it is helpful to estimate the minimum level
of chromium or aluminium needed in the alloy to prevent internal oxidation. In general, high
temperature oxidation is controlled by thermodynamic and kinetic factors. Therefore, a brief
review of these aspects is in this section, and the mechanisms of the oxide growth are also
considered. Finally, recent investigations of the oxidation behaviour in the Co-Al-W base alloys
are discussed.
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2.3.2 Thermodynamics of Oxidation
An oxide is formed when metal reacts with oxygen at its most stable state. The equation for a
metal oxidation reaction is given by,
2x
y
M(s) +O2(g) =
2
y
MxOy(s) (2.21)
where, M is the metal and MxOy is the oxide product.
At constant temperature and pressure, the Gibbs free energy, G, is the driving force for oxidation
to occur, and is defined as,
G = H − TS (2.22)
where, H is the enthalpy, S is the entropy and T is the absolute temperature.
As the reaction is required to change thermodynamic properties (∆H and ∆S) at a constant
temperature, the change in Gibbs free energy, ∆G, can be written as,
∆G = ∆H − T∆S (2.23)
High temperature oxidation can only occur spontaneously if the sign of ∆G is negative. If ∆G
= 0, the reaction is at its thermodynamic equilibrium state and if ∆G is positive the reaction is
thermodynamic unfavourable i.e. non-spontaneous. Thermodynamically, for an oxide to form
on the metal surface, the partial pressure of the surrounding oxygen needs to be higher than the
partial pressure of oxygen in equilibrium with the oxide [146].
Therefore,
∆G = ∆G0 +RT ln(
a
2/y
MxOy
a
2x/y
M ·PO2
) (2.24)
where, ∆G0 is the standard free energy of oxide formation, R is the gas constant, T is the
temperature, and a
2/y
MxOy
and a
2x/y
M are the activities of the oxide and the metal, respectively.
PO2 is the partial pressure of oxygen.
2.3. High Temperature Oxidation 53
At equilibrium, ∆G = 0. Therefore, the amount of oxide produced is equal to the amount
dissociated.
So,
∆G = 0 = ∆G0 −RT lnPO2 (2.25)
Thus,
∆G0 = RT lnPO2 (2.26)
The standard free energy of formation ∆G0 of several important oxides are given in the Ellingham
diagram [147] (Figure 2.25). ∆G0 is plotted on the vertical axis and temperature is on the
horizontal axis. The reaction with oxygen of the elements located at the lower end of the
diagram is thermodynamically favourable, and stable oxides are produced, whereas the reaction
with oxygen of the elements at the top of the diagram is less favourable, and the oxides are
unstable and more easily reduced, which means a more reactive metal can reduce an unstable
oxide. For example, the 2Ca + O2 = 2CaO reaction line on the diagram lies below the 2Co +
O2 = 2CoO reaction line, so cobalt oxide can be reduced by calcium to form solid cobalt and
calcium oxide.
The oxidation reactions in the Ellingham diagram are normalised to 1 mol of O2 and occur at
1 atmosphere of PO2 . The PO2 of a particular metal oxide is determined by drawing a straight
line from the origin, marked “O” (at ∆G0 = 0, T = 0 K) through the point on the Ellingham
line of interest, at the relevant temperature. Then, the line that crosses the PO2 line on the
right-hand side of the diagram is the equilibrium partial pressure. An illustration of the PO2 of
CoO (the red dashed line in Figure 2.25) at 800 ◦C is shown.
Another use of the Ellingham diagram is to determine the CO/CO2 ratio that is needed to
reduce an oxide for a given temperature. The procedure is the same as in determining the PO2
of a particular metal oxide at a given temperature, apart from drawing the straight line from
a different point, marked “C”. Again, an illustration of the CO/CO2 ratio of CoO (the blue
dashed line in Figure 2.25) at 800 ◦C is shown.
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Figure 2.25: Ellingham diagram showing standard free energies of formation of selected oxides as a
function of temperature. It also corresponds with the equilibrium PO2 and CO/CO2 ratios. Figure
adapted from [147].
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2.3.3 Oxidation Kinetics
It is important to know that the Ellingham diagram only states that under certain temperature
and partial pressures of oxygen, formation of an oxide is favourable or not. However, it does not
take oxidation kinetics into account. Even if a reaction is thermodynamically favourable, the
kinetics of the oxidation can be very slow, which means the oxide can take a very long to form
[146]. The oxidation kinetics are controlled by the diffusion rates of the metal ions from the
substrate, and/or O2 from the gaseous side through the oxide scale [148; 149]. As the thickness
of the oxide scale grows larger, the oxidation rate decreases with increasing time. This is due to
the ionic species taking longer to travel through thicker scale. The kinetics for coherent oxides
generally follow the parabolic rate law [143], which is described as,
x2t − x2t0 = 2kp(t− t0) (2.27)
where, t is oxidation time and t0 is the time where diffusion control begins. x
2
t is the oxide
thickness, while x2t0 is measured at t0. kp is the parabolic rate constant, and its units are
cm2/sec.
Equation 2.27 can also be written in terms of the mass change per unit area, ∆m/A,
(
∆m
A
)2t − (
∆m
A
)2t0 = 2k
′
p(t− t0) (2.28)
where the unit for k′p is g2/cm4 and is often used to compare the relative rates of oxidation in
metal oxides.
The parabolic rate constant of k′p for some important oxides is determined from Figure 2.26.
This figure shows that at a given temperature, the rate constant for Al2O3 is lower than that
of Cr2O3. Therefore, Al2O3 grows more slowly than Cr2O3 and produces a thinner layer on the
metal surface. This figure also shows that the rate constants for both FeO and CoO are higher
than those of other oxides, hence thicker oxides are grown on the metal surface.
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Figure 2.26: The rate constants for some important oxides as a function of temperature. Figure adapted
from [3].
2.3.4 Oxide Growth Mechanisms
The parabolic law was first derived by Wagner [150]. According to Wagner’s model, a schematic
illustration of the oxide formation is shown in Figure 2.27, and the explanations of oxide growth
mechanisms are as follows.
Firstly, oxygen from the air is adsorbed onto the metal surface and reacts with the metal. The
rate of adsorption is affected by the metal surface conditions, such as roughness, defects and
impurities. As a result, a thin layer of oxide scale is initially formed on top of the metal substrate,
which separates the substrate from oxygen. Further oxidation occurs when metal ions (M2+)
from the bulk and oxygen ions (O2−) from oxygen migrate across the oxide scale in opposite
directions. Because of these charged ions, an electric field is established across the scale, moving
from the metal substrate to the atmosphere. The net result of these ion and electron migrations
(+ve or −ve ions and electrons or electron holes) need to be electrically balanced. [146; 149].
Therefore, the overall reaction in the oxidation process is 2M + O2 = 2MO.
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Metal Metal oxide Air
O2- = 1/2 O2 + 2e
-
M = M2+ + 2e-
Electrons
M + O2- = MO + 2e-
MO = M2+ + 2e- + 1/2 O2 
Over all reaction: 2M + O2 = 2MO
or
or
Figure 2.27: Schematic of oxide formation according to Wagner’s model. Figure adapted from [151].
The oxidation behaviour in nickel base superalloys has been studied intensively, and particularly
the effect of alloying elements such as aluminum and chromium which form protective oxide layers
that protect the alloy surface from further oxidation [152; 153]. The oxide growth mechanisms
of the Ni-Cr-Al ternary alloys (between 1000 ◦C and 1200 ◦C) have been investigated by Pettit
et al. [154; 155]. The experimental results show the initial oxidation reaction for the Ni-Cr-Al
ternary alloys produces a thin layer of oxide scale, which contains a mixed spinel Ni(Cr,Al)2O4
and NiO. Further oxidising the alloy, Cr2O3 and Al2O3 subscales are formed beneath an outer
oxide layer. For a low level of Cr and Al (2–4 wt. %) in the ternary alloy, a non-continuous
subscale is formed and NiO dominates in the outer layer. For alloys with a high level of Cr
(20–30 wt. %), a continuous subscale is formed which inhibits oxygen from the outer layer oxide
travelling into the bulk of the alloy. Therefore, the outer layer oxide consists of Ni(Cr,Al)2O4
and NiO from the initial oxidation process. In the Cr rich Ni-Cr-Al alloys, the oxygen in the
subscale is still sufficient to oxidise Al internally; if the Al content is ∼ 2 wt. %, precipitates
of isolated Al2O3 grains are found beneath the continuous Cr2O3 layer. If Al content is higher
than 4 wt. %, Al2O3 becomes a continuous layer under the Cr2O3 subscale. Formation of these
two continuous layers of Cr2O3 and Al2O3 prevents further oxidation. The investigations of
the Ni-Cr-Al ternary alloys have demonstrated that the amounts of Cr and Al in the alloy are
critical, as they affect the oxidation resistance of the alloys.
In most of the binary Co-Cr base alloys, a chromium content of 20–25 wt. % achieves the best
oxidation resistance, since the parabolic rate is at a minimum in this compositional range [156–
158]. At a temperature range from 900–1200 ◦C, Cr2O3 is the predominant protective oxide
along with small amounts of CoO and/or spinel CoCr2O4. CoO is present in the oxide scale
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because the diffusion of Co ions is faster than that of Cr ions and the spinel oxide is formed by
a reaction between the CoO and Cr2O3 at 1000
◦C [159]. Authors have also pointed out that
in the low Cr content alloys (10–12 wt. %), CoO and CoCr2O4 have a high scale growth rate
and therefore have no apparent beneficial effect on the oxidation resistance [157]. Nickel base
superalloys are more resistant to oxygen than cobalt base superalloys because Al is primarily
used as a γ′ forming element in the alloy and results in the formation of Al2O3, which protects
the alloy from oxidation. Therefore it is no surprise that the oxidation behaviour in the Co-
Cr-Al ternary system has been studied and compared with that of the Ni-Cr-Al base alloys
[160; 161]. It has been shown that Al2O3 can form on the Co-Cr-Al alloys, however it is only
formed as an internal oxide rater than a surface oxide, again due to CoO growing much more
rapidly; it is able to grow prior to the formation of a continuous layer of Cr2O3 and Al2O3.
The non-protective scale of CoO does substantially break away, and depending on the amounts
of Cr and Al in the alloys, the non-protective CoO can grow rapidly before a protective layer
of Cr2O3 and Al2O3 can form. In contrast with the Ni-Cr-Al alloys, the slower growth rate of
NiO is the main advantage to producing more reliably protective oxides to protect against high
temperature oxidation.
To improve the oxidation resistance in the Co-Cr-Al alloys, the addition of small amounts of
yttrium (∼ 1 wt. %) and hafnium (∼ 1.5 wt. %) in the Co-Cr-Al system decrease the overall
weight gain in both isothermal and cyclic oxidation tests [161]. It has been suggested that
these elements improve the scale adhesion and promote the formation of Al2O3 on the surface
of the alloys. However, hafnium is preferable to yttrium, because yttrium is often formed as an
intermetallic compound which results in cracking during hot working; also oxide scale failure
can be initiated by large intermetallic precipitates.
2.3.5 Oxidation Behaviour in Co-Al-W Base Alloys
High temperature oxidation resistance is another important design factor for these Co-Al-W
base alloys, as they are being considered for use in high temperature applications. So far, few
studies have been carried out to investigate the oxidation behaviour of the Co-Al-W base alloys
and how the addition alloying elements affect oxidation resistance.
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Isothermal oxidation experiments on the Co-Al-W base alloys have been performed by both
Pollock and Klein et. al [162–165] at 800, 900 and 1000 ◦C. Both results show oxidation of the
Co-Al-W alloys lead to formation of three oxide regions of interested (Figure 2.28). The outer
oxide layer is Co oxide and the middle oxide layer consists of oxides that contains Co, Al and
W, whereas the inner oxide layer consists a thin layer of Al2O3. Furthermore, the outermost
alloy substrate is a γ′ depleted region where needle-shaped intermetallic Co3W compounds are
formed within the γ matrix. Note that the thickness of the outer oxide layer is ∼ 50µm which
indicates that Co oxide is not protective, however formation of a thin layer of Al2O3 is beneficial
to further oxidation prevention. Due to the non-protective outer layer of Co oxide, Klein et. al
[163] reported that the mass gain for the base alloy from the isothermal oxidation increases with
longer thermal exposure time and higher oxidation temperatures.
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Figure 2.28: Isothermal oxidation tests for a) Co-9Al-9W-0.12B after 500 h at 800 ◦C; b) Co-7.8Al-
7.8W-4.5Cr-1.5Ta alloy after 168 h at 900 ◦C. Figure adapted from [162; 165].
Three types of Co oxide phases exist when Co is subjected to high temperature environments.
Firstly, Co3O4 is a stable oxide that has a spinel structure. Under readily attainable oxygen
partial pressures, it is thermodynamically favoured to form Co3O4 at temperatures around 600–
800 ◦C [166; 167]. Therefore, the outer oxide layer in Klein et. al’s [165] alloy is Co3O4. At
higher oxidation temperatures (∼ 950 ◦C) that Co3O4 decomposes to CoO. CoO has a rock salt
structure and is stable at temperatures above 900 ◦C [168; 169]. The outer layer in Pollock et. al’s
[162] alloy is CoO. The third type of oxide phase is Co2O3, which is thermally unstable. Unlike
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Co3O4 and CoO, which are well characterised, Co2O3 is typically obtained electrochemically
under carefully controlled conditions [170; 171].
Formation of more protective oxide layers may be possible by alloying additional elements into
the base alloy. The isothermal oxidation results show that the addition of B into the base
alloys improves oxidation resistance, as it was observed that the B-containing alloys form a
continuous inner Al2O3 layer that prevents further oxidation after 100 h of thermal exposure at
800 ◦C. However, at 900 ◦C a non-continuous inner Al2O3 layer was formed which provided less
protection. Moreover, the alloys with higher B content exhibit better oxidation resistance, and
B is also used to strengthen the grain boundaries as they inhibit grain boundary sliding and
improve creep rupture life, ductility and low cycle fatigue life. However, too much B (> 1 at. %)
in the alloy leads to the formation of borides and causes alloy embrittlement.
Since the addition of B to the alloys improves the oxidation resistance and mechanical properties,
further studies have been carried out by Klein et al. [163; 164] to examine the isothermal
oxidation behaviour of adding Ni, Si and Cr to the Co-Al-W-B base alloy. Alloying Ni into
the alloy lowered the oxidation resistance as the B is absent from the inner oxide layer which
lowers the cohesive strength between the oxide layer and the alloy. This causes the oxide
to spall and a fresh alloy surface to be revealed, accelerating oxidation [172]. It is reported
that Si-containing alloys have a lower oxidation resistance at 800 ◦C under isothermal oxidation
experiments when compared to Si-free alloys. However, the Si addition has a strong influence
on the oxidation properties of alloys subjected to elevated temperatures (900 and 1000 ◦C). The
results suggest that at higher temperatures, Si enhances selective oxidation of Al and forms a
protective inner oxide layer of Al2O3. Moreover, formation of Si-rich precipitates in both the
alloy matrix and at the grain boundaries could increase oxidation resistance as these precipitates
act as diffusion barriers which inhibit internal oxidation. However, these precipitates would
weaken the mechanical properties. Adding Cr into the alloys significantly improves the oxidation
resistance via the formation of a protective inner oxide layer of Cr2O3 and Al2O3 after isothermal
oxidation at 800 ◦C. Oxidation resistance of the alloys increases with high Cr contents, but too
much Cr in the alloys would destabilise the γ/γ′ microstructure. Therefore an appropriate
amount of Cr in the alloy is critical in order to maintain the desired high temperature strength.
Nevertheless, oxidising environments are also important as temperatures above 1000 ◦C result
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in the evaporation of Cr2O3 [173], thus causing the loss of oxidation protection.
Adding Ta into the base alloy increases the γ′ solvus temperature and improves the mechanical
properties [14; 124]. Klein et al. [165] investigated the oxidation behaviour of a variety of alloying
additions to Co-Al-W-Ta alloys under isothermal oxidation conditions at 900 ◦C. Generally, Ta
reduced the oxidation resistance of the alloy compared to Ta-free base alloys. The results showed
that adding Nb, V and Cr to the Ta-containing alloys did not improve the oxidation resistance,
whereas the addition of Ir, Mo and Si improved the oxidation resistance. In particular, alloying
Si into the alloy provided the best oxidation resistance, as no crack was found at the alloy/oxide
layer interface, suggesting that Si has the same effect as B in improving oxide layer adhesion.
The alloys under isothermal oxidation conditions display a parabolic growth rate, but the tem-
perature in the gas turbine engine cycles in operation, which results in oxide spalling. This is
difficult to study because the oxygen diffusion is not controlled [174]. So far, only two papers
[133; 175] have reported the cyclic oxidation behaviour of Co-Al-W base alloys. Xu et al. [175]
demonstrated that alloying with Ta, Ti, Mo and Nb in Co-Al-W base alloys after 100 h cyclic ox-
idation at 800 ◦C are in a decreasing order of oxidation resistance. Moreover, the Ta-containing
alloy has better oxidation resistance than the base alloy at 800 ◦C. However, at 900 ◦C the the
decreasing order is Ti, Ta, Mo and Nb. Oxides were agglomerated and voids were observed at the
local scale/alloy interface at both temperatures, and thicker oxides were produced at 900 ◦C and
cracks and deterioration occurred on the oxide surface. Although the alloys were more severely
attacked by oxygen at 900 ◦C, the alloys with additions had better oxidation resistance than the
base alloy. Other cyclic oxidation experiments were performed by Yan et al. [133] for 196 h at
800 ◦C, and it was found that the alloying elements Ta, Ni, Ti and Mo are in a decreasing order
of oxidation resistance, agreeing with the results of Xu et al. [175]. In the cyclic oxidation test
during cooling and re-heating in each cycle the oxide spalled non-uniformly and the weight of
the specimen decreased with increasing number of cycles [174]. Therefore the oxide growth does
not have a parabolic rate and it is difficult to determine a reliable parabolic oxide growth rate.
However, the oxide morphology under isothermal oxidation conditions was similar to that under
cyclic oxidation, in that there were two layers of oxide and voids were present at the interface
between the oxide and the metal substrate. In the outermost metal substrate a γ′ depleted
region was observed and this region contained a needle-shaped intermetallic Co3W phase.
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2.4 Concluding Remarks
This literature review consisted of three parts. The first part described the basic knowledge
of nickel base superalloys. The nickel base superalloys are currently used to make turbine disc
because of their superior mechanical properties at high temperature. The mechanical properties
are achieved through a combination of strengthening mechanisms: grain boundary strengthen-
ing, solid solution strengthening of the γ matrix and precipitation strengthening with the γ′
phase. It is also important to understand the different alloy processing routes for producing
disc alloys. For elements with less significant strengthening effect, low cost ingot metallurgy
is preferred. Whereas, whilst powder metallurgy route is costly in terms of manufacturing a
disc alloy, it eliminates segregation due to rapid solidification and leads to excellent mechanical
properties. Although the new alloy system of interest in this study is different, the researches on
the nickel base superalloys are still of great value as benchmark and providing possible routes
for developing and understanding the new alloys.
The second part is a review of the recent research on Co-Al-W base alloys. This is the backbone
of this project. The current studies of the new alloy shows that this new alloy system has similar
alloying effects as nickel base superalloys, The anomalous yielding effect in the γ′ phase cause the
Co-Al-W base alloys to exhibit increasing yield stress with temperature. However, the develop-
ment of this new alloy system is still at an early stage. The L12-γ
′ phase can be metastable and
co-exists with other secondary phases which can influence performance. Furthermore, evolution
of the size, shape and distribution of γ′ precipitates in service may result in loss of the desirable
mechanical properties. Therefore, it is important to understand the coarsening kinetics of γ′
precipitates in these alloys. It is expected that the alloys will exhibit slow coarsening kinetics
due to the low diffusivity of W. However, to fully understand the underlying mechanism, more
research still needs to be performed in this area.
A protective oxide is needed by any alloy subjected to high temperature applications, as the oxide
scale must protect the alloy from further oxidation. Therefore, in the last part of this review, the
thermodynamics and kinetic of oxidation have been briefly discussed and the oxidation behaviour
of Ni and Co base superalloys reviewed. The presence of Cr in the Ni base superalloys leads to
formation of protective Cr2O3 and Al2O3, improving the oxidation resistance of the alloy. In
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addition, recent studies showed that Co oxide is non-protective. Therefore it is reasonable to
believe that to achieve oxidation resistance of the Co-Al-W base alloys, it requires additional
alloying into the base alloys.
Figure 2.29 lists the alloy design aspects. However, from design to mass production, the de-
velopment of a new alloy still needs extensive effort and dedications. There are still lots of
requirements that the new alloys need to meet. Gas turbine designers ideal property set - low
density, oxidation resistance, low cost and processability alongside creep and fatigue strength -
may not be simultaneously achievable in a single alloy. Instead, a new alloy system may offer
a different property space that enables new design space options. In developing new alloys, the
requirement is therefore to maximise and improve the property space offered to the mechanical
engineer.
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Figure 2.29: Design aspects of a superalloy.
Chapter 3
Material Processing, Selection and
Characterisation
3.1 Processing of Superalloys
Commercial superalloys are produced using either ingot or powder metallurgy. The relatively
low cost is the main advantage of ingot metallurgy over powder metallurgy, but powder metal-
lurgy avoids castability problems due to a long freezing range and allows finer grain sizes to be
produced, as well as improving the buy-to-fly ratio.
3.1.1 Melt Processing
In this study, 50 g polycrystalline ingots were prepared by Vacuum Arc Melting (VAM) under a
back-filled argon atmosphere, as shown in Figure 3.1. The electrode of the VAM is made of W,
which has a much higher melting point than the required melting temperature for the alloys.
Therefore, each alloy was produced using either a master alloy Co-10W at. % or Co-20W at. %
and along with high-purity elemental pellets of 99.99 % Cr; 99.97 % Ni; 99.9 % Al, Ti, Ta and
Si; 99.8 % Co; 99.5 % Mo; 99.7 % V and 99.0 % Fe additives. The additives and the master alloy
were melted in the VAM with the W electrode. Aluminium has a very low melting temperature
compared to the other components. The high temperatures used in VAM the evaporation of Al
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can lead to an incorrect composition of the final product. This will affect the size and volume
fraction of γ′. As suggested by a previous study [176], an extra 5 wt. % of Al was required to
achieve the correct chemical compositions.
The melting process for the alloys is shown in Figure 3.2. In total, there are three hearths
available on the copper base and each can be used to melt a 50 g ingot. The melting procedure
in the VAM is listed as below:
• The weighed materials were distributed evenly in the left and right hearth, the middle hearth was
left empty to avoid any cross contamination.
• The VAM chamber was closed and the protective (tinted) glass was placed over the quartz window.
• After closing the VAM, the vacuum pump was started to evacuate the melting chamber.
• A water cooling system was used to avoid melting of the hearth and overheating of the vacuum
seals.
• The VAM was back-filled with inert gas (Argon). High current was passed through the W electrode
and an arc was produced between the electrode (+) and the copper base (-).
• When the raw materials were melted to form a long bar, the metal was flipped for further melting.
This procedure was performed 3-4 times to ensure the alloys had been uniformly melted.
• Once the melting procedure was finished, the alloys were allowed to cool down completely, in order
to avoid oxidation upon the opening of the vacuum chamber.
Two batches of the first 10 alloys (1A-1J) were produced, the first batch was prepared at Rolls-
Royce UTC, Department of Materials Science and Metallurgy, University of Cambridge, UK.
Both second batch (1A*-1J*) and the second group alloys (2A-2J) were melted by a similar
process using the VAM in the Materials Department at Imperial College, UK.
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Figure 3.1: The VAM used at the Rolls-Royce UTC, Department of Materials Science and Metallurgy,
University of Cambridge, UK.
Left
Middle Right
Figure 3.2: The weighed materials of two alloys, distributed equally along their respective hearths.
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The nominal compositions of the polycrystalline Co base alloys investigated are listed in Table
3.1. The first 10 alloys (1A-1J) were developed by substituting the elements of the Co-7Al-7W
(at. %) base alloy (all compositions in this study are provided in atomic fraction) with different
elements (Mo, V, Ti, Ta, Si, Fe etc) The rationale behind the alloy selection for this study is
explained below, based on hypotheses about the site occupancy of the alloying elements.
First, W was replaced with Mo, V and Ta. Molybdenum and V have lower densities than W,
therefore substitution is expected to reduce the lower overall density of the alloy. Ta is a strong
γ′ forming element in Ni base superalloys: by substituting ∼ 2 at. % W with 2 at. % Ta, it is
expected that the γ′ solvus temperature will increase dramatically. Second, it is assumed that
Ti will be positioned on the (Al,W) sublattice, so that the 2 at. % Ti is substituted on both
Al and W sites. As Ti is a γ′ former, the substitution is expected to lead to a higher solvus
temperature. In addition, the lower density of Ti compared to W will further reduce the density
of the alloy. Third, 20 at. % Fe and 20 at. % Ni are expected to substitute for Co. The Fe
(£0.08/kg) substitution will lower the alloy cost by reducing the amount of Co (£20/kg) [177].
The application of Ni substitution is because (1) Ni3Al is the γ
′ phase in Ni base superalloys and
it is of interest to investigate whether a continuum phase-field linking γ′ (Ni3Al) to γ′ (Co3Al,W)
exists and (2) if it is possible that 20 at. % Ni in the Co base alloy changes the morphology of
the γ′ (Co3Al,W) precipitates. Fourth, the simultaneous substitution of both 4 at. % V for W
and 6 at. % Ni for Co benefits from a lower density than the base alloy, and is of interest to the
investigation of the existence of a continuum phase-field. Finally, the presence of Si and Cr in
the base alloy are expected to improve the oxidation resistance of the alloy by forming SiO2 and
Cr2O3 at high temperatures.
The second group of 10 alloys (2A-2J) is divided into three subcategories. The first 4 alloys
with different level of Cr additions are used to examine oxidation behaviour. The Co-Al-W
alloy has an FCC structure in the γ matrix and the L12 ordered structure in the γ
′ phase. Pure
Cr has a body centered cubic (BCC) structure. Therefore, an excessive amount of Cr in the
Co-Al-W base alloy can destabilise the γ/γ′ microstructure. On the other hand, substitution
of Ni for Co has been found to stabilise the γ′ phase [178]. In the other 3 alloys, Ni additions
have been applied to a Co-Al-W-Cr base alloy to study the effects. The remaining three alloys
maintain the total Al and W content at 14 at. %, but, as Ni additions were made, the Al fraction
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was increased in proportion to the distance along the Co-Ni continuum [117]. This also has a
beneficial side effect by reducing the alloy density and increasing the size of the phase field, thus
improving the stability of the alloys produced.
Table 3.1: Nominal compositions of the alloys studied.
Composition (at. %) Abbreviation Composition (at. %) Abbreviation
1A 86Co-7Al-7W Base 2A 73Co-7Al-7W-13Cr 13Cr
1B 86Co-7Al-5W-2Mo 2Mo 2B 69Co-7Al-7W-17Cr 17Cr
1C 86Co-7Al-5W-2V 2V 2C 65Co-7Al-7W-21Cr 21Cr
1D 86Co-6Al-6W-2Ti 2Ti 2D 63Co-7Al-7W-23Cr 23Cr
1E 86Co-7Al-5W-2Ta 2Ta 2E 54Co-7Al-7W-21Cr-11Ni 21Cr-11Ni
1F 66Co-7Al-7W-20Ni 20Ni 2F 44Co-7Al-7W-21Cr-21Ni 21Cr-21Ni
1G 80Co-7Al-3W-6Ni-4V 6Ni-4V 2G 33Co-7Al-7W-21Cr-32Ni 21Cr-32Ni
1H 85Co-7Al-7W-1Si 1Si 2H 54Co-8Al-6W-21Cr-11Ni 21Cr-11Ni-A
1I 66Co-7Al-7W-20Fe 20Fe 2I 44Co-9Al-5W-21Cr-21Ni 21Cr-21Ni-A
1J 76Co-7Al-7W-10Cr 10Cr 2J 33Co-10.5Al-3.5W-21Cr-32Ni 21Cr-32Ni-A
3.1.2 Alloying Processing
The as-melted ingots were then solution heat-treated at 1300 ◦C for 24 h in a vacuum. Sub-
sequently, the ingots were encapsulated in rectilinear mild steel cans with Ti powder packing
material and super solvus hot rolled at 1150 ◦C to a thickness of ∼ 3 mm for the first batch of
10 alloys (1A-1J). Similar procedures were carried out on the second batch (1A*-1J*) and the
second group alloys (2A-2J), but to a thickness of ∼ 6 mm. The alloys were aged at 80–100 ◦C
below the γ′ solvus temperature. For all the ageing heat treatments, the alloys were sealed
in quartz tubes which were backfilled with argon after evacuation. On completion of the heat
treatment, the alloys were allowed to cool in the furnace to room temperature. Figure 3.3 shows
an example of a melted ingot and the alloy plate after hot rolling.
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The arc melted ingot Steel can
Sample in a rolled can Sample after hot rolling
a) b)
c) d)
Figure 3.3: The images of the processed alloy, a) 50 g finger shaped of arc melted ingot, b) the rectilinear
mild steel can, c) sample in the can after being hot rolled and d) long sample plate after hot rolling.
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3.2 Characterisation of Superalloys
The alloys were characterised using several methods, such as light and electron microscopy,
thermal analysis and diffraction. Light and electron microscopy are two basic characterisation
techniques, which are not introduced in this section. Other techniques, such as the differen-
tial scanning calorimetry, synchrotron and neutron diffractions will be discussed briefly in the
following sections.
3.2.1 Thermal Analysis
Thermal analysis is commonly used in material science to estimate properties which change
with temperature. Thermal analysis is an extremely important technique for developing high
temperature superalloys. For instance, the L12 solvus temperature can determined by recording
the latent heat of the alloy associated with the phase transformations. This way, appropriate
ageing heat treatments can be determined for these Co-Al-W base alloys. Thermal analysis
does not only accurately determine the L12 solvus temperature. If the heats of transformation
and volume fractions are large enough for the signals to be detected, solidus, liquidus, carbide
formation and eutectic temperatures can also be determined by this technique.
In this project, a NETZSCH Jupiter simultaneous Differential Scanning Calorimeter (DSC) /
Thermogravimetric Analysis (TGA) was used to determine the L12 solvus temperature of the Co-
Al-W base alloys. Each alloy sample was machined into a small cylinder 3.5 mm in diameter and
2.5 mm high. The sample was placed in an alumina crucible and in contact with a thermocouple.
An identical alumina crucible was placed onto the reference pan which was adjacent to the
sample pan and a reference material (usually platinum) was put inside the crucible attached to
a thermocouple, Figure 3.4. The experiment started with evacuating all the air out of the system
and a steady flow of argon was pumped into the system to minimise oxidation. To eliminate any
atmospheric contaminants from the system, argon was flowed through the the system several
times. This process is called purging [179].
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Figure 3.4: A schematic diagram of a DSC machine. Figure adapted from [180].
During the experiment, both sample and reference material were heated at a rate of 10 ◦C/min.
The enthalpy and heat capacity are different for different materials, which leads to a temperature
difference between the sample and the reference material. The temperature difference, ∆T,
between sample and reference is recorded and related to the enthalpy change (heat flow) in the
sample.
3.2.2 Diffraction Techniques
The first batch of alloys (1A-1J) were studied using X-ray diffraction at the I12 beamline at the
Diamond Light Source (DLS) synchrotron, located at the Harwell Science and Innovation Cam-
pus in Didcot, Oxfordshire, UK. The second batch of alloys (1A*-1J*) were tested at different
neutron facilities. The first neutron experiments were carried out in the HRPD (High Reso-
lution Powder Diffraction) beamline at the ISIS facility, Didcot, Oxfordshire, UK. The second
set of neutron experiments were conducted at Vulcan, the medium resolution Time-of-Flight
(TOF) neutron diffractometer at the Spallation Neutron Source (SNS) at Oak Ridge National
Laboratory (ORNL), Tennessee, USA. The details of the experimental setups for each beamline
are described in Chapter 6.
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3.2.2.1 Synchrotron X-ray Diffraction
A synchrotron is a cyclic particle (electron) accelerator; the electrons are accelerated through
an electric field and circulate within a magnetic field. A schematic diagram of the synchrotron
is shown in Figure 3.5. Low energy electrons (90 KeV) are produced by an electron gun and
pass through to a linear accelerator to increase their energy. Each electron attains an energy
of 0.1 GeV in the linear accelerator, and is then injected into the booster synchrotron where its
energy can be increased to a maximum of 3 GeV. The high energy electron beam is bent by the
magnets and circulates in the large storage ring. When the electron passes through each magnet
and its direction is changed, some energy is lost and transformed to light which is channelled
out of the storage ring to the beamline.
Injection system 
(Electron gun + linear accelerator)
Booster synchrotron
Storage ring
BeamlineOptics hutch
Experimental hutch
Control cabin
Electron gun
linear accelerator
Figure 3.5: Schematic of components of Diamond synchrotron facility. Figure adapted from [181].
The beamline at Diamond is divided into three hutches. The first hutch houses the optics com-
ponents which are used to focus and monochromate the synchrotron light. Then, the specimens
are tested in the experimental hutch where the focused X-ray beam interacts with the specimen.
A special camera (e.g large area 2D detector-Thales Pixium) records the interactions. Finally,
the data analysis takes place in the control cabin.
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3.2.2.2 Neutron Diffraction
For the sake of simplicity, only the ISIS neutron source will be discussed here. Figure 3.6 shows
an overview of the ISIS neutron facility. H− ions, which consist of two electrons and one proton,
are created at the ion source. They travel through to a linear accelerator, often referred to as
the “linac”. This accelerates the ions up to 37 % of the speed of light, and each ion attains
an energy of 70 MeV. After the linac, a thin aluminum foil is used to strip the electrons from
the ions leaving only protons. The protons continue their journey to the synchrotron ring. The
protons are now bent by powerful magnets and circulate in the ring of a storage synchrotron.
Protons travel through the synchrotron ring 10,000 times, by which time they have accelerated
to 84 % of the speed of light. Once the protons reach 800 MeV, they are extracted using three
magnets. Finally, neutrons are produced by collisions between the protons and a target. This
is called the spallation process. The target is made of a tungsten coated with tantalum and
is water cooled. During each spallation event, one proton can produce 25–30 fast neutrons.
Before using the neutrons, these energetic neutrons are slowed down by moderators to achieve
the appropriate wavelength for the materials that are to be tested. It is important to note that
different neutrons have different velocities and hence, wavelength. Detectors at each beamline
are fixed and therefore, the measured quantity is the time from the spallation event to detection.
Hence, the technique is called TOF neutron diffraction.
H- ion source
70 MeV linac
800 MeV 
synchrotron
Target
Figure 3.6: Schematic of components of ISIS neutron facility. Figure adapted from [182].
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3.2.2.3 Powder Diffraction
The concept of powder diffraction is used in the X-ray synchrotron and TOF neutron diffraction
techniques. These techniques allow one to determine the Diffraction Elastic Constants (DECs),
coefficients of thermal expansion and the lattice misfit of a material. The concept of powder
diffraction begins when electrons or neutrons interact with crystals within the material and the
waves from the incident beam are scattered. In order for diffraction to occur, the angle of the
incident beam relative to the atomic planes within the crystal must satisfy Bragg’s law, which
is described as follow,
nλ = 2dhkl sinθhkl (3.1)
where, n is an integer that labels the order of the reflection, λ is the X-ray or neutron wavelength,
dhkl is the lattice spacing and θhkl is the angle between the incident beam and the scatted plane.
When the incident beam encounters the crystal and the diffraction angle is satisfied to according
Bragg’s law, the waves from the incident beam are combined. The total amplitude of the
wavelengths can either add up or cancel out each other, e.g. the waves that are in phase will
produce constructive interference creating a bright spot on the diffraction pattern. Whereas, out
of phase wave will produce destructive interference and a diffraction spot will not be produced.
A schematic illustration of Bragg’s law illustrating both constructive and destructive interference
is shown in Figure 3.7.
θ
d
λ
(a) (b)
Figure 3.7: Schematic illustration of Bragg’s law showing a) constructive, b) destructive interference.
76 Chapter 3. Material Processing, Selection and Characterisation
In powder diffraction, every set of lattice planes within the single crystal are able to reflect
the incident beam. Therefore, each bright diffraction spot observed in the diffraction pattern
represents a specific {hkl} plane. In the case of a material which contains many grains, instead of
observing diffraction spot; diffraction rings are produced where each diffraction ring represents
a specific {hkl} plane [183].
During TOF neutron diffraction, the diffraction pattern is determined by the Bragg peak inten-
sities over a number of pulses. Therefore, the flight time of the neutrons has to be monitored,
consequently, Bragg’s law is adjusted according to the TOF neutron diffraction.
So,
nλ = n
h
mv
= n
h
m
t
L
= 2dhkl sinθhkl (3.2)
where, λ is the neutron wavelength, h is the Plank’s constant, m is the mass of a neutron, t is
the total flight time and L is the total fight path from the moderator to the sample and then
the detector.
It is also important to note that the d-spacing measurements using Bragg’s law experimentally
are not the crystal lattices in real space, it measures the number of wavelengths (nλ) in the
distance that between multiple row of atoms, it is therefore defined as the reciprocal lattices in
reciprocal space [184]. Thus, a diffraction pattern of a crystal is always a map of its reciprocal
lattice.
The intensity of the scattered radiation is proportional to the square of the structure factor,
|F 2|, which is dependent on the scattering factor and the position of the atoms within the unit
cell.
F (hkl) = Fhkl =
n∑
i=1
fi exp 2pii(hxi + kyi + lzi) (3.3)
where, fi is the scattering factor for an atom i, n is the number of atoms in the unit cell and
(xi, yi and zi) are the unit cell coordinates for the ith atom.
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Let us consider the phases in the Co-Al-W base alloy, which has an A1 phase (Co matrix) and
a L12 phase (Co3(Al,W) precipitates). The diffraction pattern of the L12 phase is a superlattice
reflection of the A1 phase. Both the A1 phase and L12 phase have FCC structures, but the
distribution of the atoms is different. In the A1 phase, the centre of each face and the corner
are occupied by a Co atom, while the L12 phase is composed of three Co atoms at the face
centre and one mixed atom (Al,W) at the corner site. Equation 3.4 and Equation 3.5 show the
structure factor for both the A1 and L12 phases.
F (A1) = fAV (1 + (−1)h+k + (−1)h+l + (−1)k+l)
= 4fAV ( hkl all odd or all even)
= 0 ( hkl mixed) (3.4)
where, fAV are the average scattering factor of the atoms evenly mixed in the A1 lattice.
F (L12) = fcorner + fface((−1)h+k + (−1)h+l + (−1)k+l)
= fcorner + 3fface ( hkl all odd or all even)
= fcorner − fface ( hkl mixed) (3.5)
where, fcorner and fface are the scattering factors of the atoms at the corner and at the face of
the L12 superlattice, respectively.
The two equations above show that when hkl are all odd or even, diffraction will occur from
both A1 and L12 phases. If hkl are mixed, there will be no reflection from the A1 phase, but a
superlattice reflection will still occur from the L12 phase. However, this superlattice reflection is
relatively weak because the reflection is proportional to the difference in the atomic scattering
factor between the face and the corner sites.
In the case of X-ray diffraction, the beam interacts with the election clouds within the material.
The intensity is highly dependent on the scattering factor f , which varies approximately with
atomic number, Z; given a known θ and λ the precise value can be obtained from reference
tables [184]. At zero scattering angle, the scattering factor, f = Z. However, f decreases with
increasing scattering angle and has higher values for heavier atoms. Thus, it can be difficult to
detect light elements using X-ray diffraction.
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Figure 3.8: The scattering factor of neutron and X-ray as a function of atomic number. Figure adapted
from [185].
Neutrons are scattered by the nuclei, rather than electrons. The scattering factor f for neutrons
are characterised by the nuclear scattering amplitude b, also refer to the bound coherent scatter-
ing length. Figure 3.8 compares the scattering factor of the neutron and X-ray as a function of
atomic number. It shows the scattering factor of a neutron is independent of the atomic number
and thus making it more sensitive to lighter elements.
3.2.2.4 Peak Fitting
In the X-ray diffraction experiment, the diffraction rings were detected by the X-ray detector
and stored as Tiff images. Fit2D is a 1 and 2 dimensional data analysis program and has been
developed by the European synchrotron radiation facility beamlines to process synchrotron data
[186]. The experiment is calibrated with a silicon standard to refine the sample-detector distance.
This allows complete diffraction rings or segments to be converted into a graph of intensity vs.
2θ. In order to obtain the lattice parameters of each phase, the entire spectra is fitted using
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the Rietveld refinement program, the Generalised Structure Analysis System (GSAS) [187].
Rietveld refinement is a non-linear least squares refinement process that is performed until the
best-fit between the whole diffraction spectrum and the calculated fit is achieved [188; 189]. The
non-linear least squares is defined as,
Sy =
∑
i
1
yi
(yi − yci)2 = Minimum (3.6)
where, Sy is the squares of the residuals, yi is the observed intensity, yci is the calculated intensity
at the ith step.
The term yci is influenced by different factors, such as the background intensity, structure factor,
the absorption factor etc, this is summarised in Equation 3.7.
yci = s
∑
hkl
Lhkl|Fhkl|2φ(2θi − 2θhkl)PhklA+ ybi (3.7)
where, s is the scale factor, Lhkl is the Lorentzian, polarisation and multiplicity factors, F hkl is
the structure factor for a {hkl} Bragg reflection, θ is the reflection profile function, P hkl is the
preferred orientation, A is the absorption factor and ybi is the background intensity at the ith
step.
The Lorentzian function Lhkl is one of the common peak fitting functions used in powder diffrac-
tion. However, according to different peak shapes, this function can be changed to Gaussian,
Voigt, pesudo-Voigt, or even more complex functions [190; 191]. In the refinement process, the
first step is to fit the background, refine the lattice parameter of each phase and the peak shape.
Then, keeping the above parameters fixed, the atomic positions are refined along with displace-
ments and fractional occupancies of the atom site. Finally, the lattice parameters and the peak
shape are refined once again until the best fit is obtained [187].
An alternative method to Rietveld refinement was demonstrated by Stone et al. [192] on the
neutron diffraction spectra. This fitting method enables the analysis of each peak in the diffrac-
tion spectrum to be conducted separately. It has been reported in nickel base superalloys where
the load partitioning between the γ and γ′ phases is unequal [136; 137]. Therefore, this fitting
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method allows one to determine the loading partitioning between the γ and γ′ phases in the
Co-Al-W base superalloy. Since the lattice parameters of the γ and γ′ are similar [193], direct
separation of the the γ and γ′ in the fundamental peaks is difficult to achieve using conventional
diffraction techniques. In the diffraction spectrum, the γ′ peaks (e.g. {100}, {110} etc.) are
fitted using a Gaussian function with a flat background. The fundamental γ + γ′ peaks (e.g.
{200}, {220} etc.) are separated by fitting two Gaussian peaks in the data, where the γ′ peak in
the {200} is deduced from the position of {100} superlattice reflection. As a result of this fitting
method, the lattice parameters of the two phases from the fundamental peak are obtained. It
is important to note that the fitting method is subjected to the following constraints; i) the
intensity ratios of the γ and γ′ in the fundamental peaks are constrained from the knowledge of
the neutron scattering lengths, ii) the peak widths of two phases in the fundamental peaks are
assumed to be equal and with flat backgrounds and iii) the strain in the γ′ superlattice reflection
is assumed to be the same as that in the γ′ from the fundamental peak.
Chapter 4
Alloying Effects in Polycrystalline γ′
Strengthened Co-Al-W Base Alloys
4.1 Summary
This chapter describes a polycrystalline hot working ingot metallurgy processing route for γ/γ′
Co-Al-W superalloys that has been developed. It also examines the effects of substituting Co
(and in some cases Al and W) for Mo, V, Ti, Ta, Ni, Si, Fe and Cr in the Co-7Al-7W (at. %)
base alloy. The γ′ solvus was found to follow the same trends as those exhibited by alloys with
higher γ′ fractions considered by other investigators. Excessive Cr additions were found to lead
to discontinuous coarsening and eventually to the loss of the γ′ phase by the microstructure. Ni
additions were found to restore the γ′ phase and raise the solvus temperature. It was also found
that the addition of 13 at. % Cr improved the oxidation resistance at 800 ◦C by over 40 times.
4.2 Introduction
Chapter 2 has discussed the recent discovery of a new L12 precipitate, γ
′-Co3(Al,W) and the
prospect that it may form the basis for a new system that can compete with nickel base super-
2The work described in this chapter has been published in ‘Intermetallics’ under the title ‘Alloying effects in
polycrystalline γ′ strengthened Co-Al-W base alloys’.
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alloys. However, the development of the Co-Al-W base alloys is still an early stage. A number
of issues must be addressed before this new system can be considered for high temperature
applications.
At present, data on density and hardness are extremely sparse. Most of the investigated base
alloys contain a W level of 8–10 at. %. W is a heavy element and its addition could cause an
undesirable increase in density. The only Vickers hardness experiments are reported by Sato
et al. [13]. The hardness of the γ/γ′ microstructure in base alloy is comparable to Waspaloy.
With the addition of Ta to the base alloy exhibits a higher value than Waspaloy at any given
temperature. The hardness value is useful, as it can correlate to the mechanical properties of
the alloys.
There is still a debate in literature about whether the γ′-Co3(Al,W) phase is stable or metastable.
Some authors believe the γ′-Co3(Al,W) phase is stable at 900 ◦C, but metastable at 1000 ◦C and
decomposes over time into CoAl and Co3W [120]. The literature alloys are mostly aged at
a temperature of 900 or 1000 ◦C. To determine the phase stability of the γ′ phase, a lower
ageing temperature is required, as this may prove the γ′ phase is metastable at any given ageing
temperature.
Some measurements of the oxide thickness have been presented by [162; 164; 165; 175; 194].
It is clear that the ternary system alone can not form a protective alumina scale and that
cobalt oxides are not protective. Obtaining oxidation resistant Co-Al-W base alloys is critical
to the alloy development process. So far, oxidation data for Co-Al-W-Cr alloys are limited. The
amount of Cr in the literature alloys is only ∼ 2–8 at. %. The oxidation resistance in these
Cr containing alloys is still far below that expected in nickel base superalloys. Therefore, it
is important to push the Cr content in the alloy to obtain an acceptable level of resistance to
oxidation. However, one must be aware that too much Cr in the alloy would destablise the γ/γ′
microstructure. Shinagawa [117] has suggested that, there is a continuous phase field between
Ni3Al and Co3(Al,W). It is believed that alloying Ni with the Co-Al-W-Cr base alloy would
bring back the desirable γ/γ′ microstructure. Therefore, it is interesting to find out the limit of
Cr content in the alloy and how much Ni is needed to restore the L12 phase.
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The above concerns will be addressed in this chapter by investigating the influence of different
alloying elements on Co-Al-W base alloys and their effects on the phase metallurgy and oxidation
behaviour at high temperature. In particular, Cr additions are explored up to the levels used in
nickel superalloys and alloys along the Co-Ni superalloy continuum are also examined.
4.3 Experimental Procedures
20 alloys were investigated. Their nominal compositions and respective ageing conditions are
given in Table 4.1. Each alloy was aged 80–100 ◦C below the γ′ solvus temperature for 200 h
except the 2Ta alloy. The γ′ solvus temperature for each alloy was determined using thermal
analysis (DSC). Although W can diffuse into the γ′ phase, but as a heavy element, it has a slow
diffusion rate. Therefore, in order to resolve γ′ precipitates in the SEM, the alloys were aged for
200 h so that W can diffuse into the γ′ phase and the precipitates can coarsen. The 2Ta alloy had
the highest γ′ solvus temperature (983 ◦C) and therefore to minimise γ′ coalescence the ageing
time was reduced to 100 h. The first 10 alloys were prepared in the Materials Department at
the University of Cambridge. The following 10 alloys were melted using a similar process in the
Department of Materials at Imperial College. For further details on the melting and alloying
processing routes, are provided in Chapter 3.
Table 4.1: The ageing conditions of the alloys studied.
Alloy Abbr. Ageing Alloy Abbr. Ageing
Co-7Al-7W Base 765 ◦C/200h Co-7Al-7W-13Cr 13Cr 746 ◦C/200h
Co-7Al-5W-2Mo 2Mo 715 ◦C/200h Co-7Al-7W-17Cr 17Cr 689 ◦C/200h
Co-7Al-5W-2V 2V 736 ◦C/200h Co-7Al-7W-21Cr 21Cr 637 ◦C/200h
Co-6Al-6W-2Ti 2Ti 790 ◦C/200h Co-7Al-7W-23Cr 23Cr —–
Co-7Al-5W-2Ta 2Ta 900 ◦C/100h Co-7Al-7W-21Cr-11Ni 21Cr-11Ni 688 ◦C/200h
Co-7Al-7W-20Ni 20Ni 790 ◦C/200h Co-7Al-7W-21Cr-21Ni 21Cr-21Ni 726 ◦C/200h
Co-7Al-3W-6Ni-4V 6Ni-4V 741 ◦C/200h Co-7Al-7W-21Cr-32Ni 21Cr-32Ni 791 ◦C/200h
Co-7Al-7W-1Si 1Si 794 ◦C/200h Co-8Al-6W-21Cr-11Ni 21Cr-11Ni-A 689 ◦C/200h
Co-7Al-7W-20Fe 20Fe 689 ◦C/200h Co-9Al-5W-21Cr-21Ni 21Cr-21Ni-A 748 ◦C/200h
Co-7Al-7W-10Cr 10Cr 772 ◦C/200h Co-10.5Al-3.5W-21Cr-32Ni 21Cr-32Ni-A 817 ◦C/200h
Alloy compositions were measured using Inductively Coupled Plasma-Optical Emission Spec-
troscopy (ICP-OES) at Incotest, Hereford, UK. Both density measurements and Vickers hardness
tests were performed according to ASTM B311-08 and ASTM E92-82 at room temperature.
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The microstructure of the alloy was examined using the LEO1525 Field Emission Gun Scanning
Electron Microscope (FEG-SEM) in the secondary electron imaging mode. Secondary phase
compositions were measured using Energy Dispersive X-ray Spectroscopy (EDS) The samples
were ground, polished and electro-etched in a solution of 2.5 % phosphoric acid in methanol at
2.5 V at room temperature for few seconds.
Cyclic oxidation experiments were performed using 2.5 × 2.5 × 2.5 mm cubes, mechanically
ground to a surface finish of 0.25µm, cleaned and degreased. Flat-bottomed alumina crucibles
were used to contain the samples which were oxidation tested in air at 800 ◦C. To contain any
spallation products, lids were placed on the crucibles during the periodic specimen removal and
air cooling prior to the weighing of the crucibles and specimens. The mass change was measured
after 4, 16, 36, 64, 100, 144 and 196 h of oxidation.
4.4 Results and Discussion
The actual compositions, γ′ solvus temperatures, densities and the Vickers hardness values of
all the alloys are listed in Table 4.2, in the fully aged condition. It should be noted that the Al
content was slightly higher than the nominal composition in all the alloys, because an extra 0.5
wt. % of Al was added to each alloy to compensate for the evaporation of Al during melting.
The desired compositions for all the alloys were achieved within 1.2 at. %, with the exception of
the Al content in the 23Cr alloy.
Visible light and secondary electron micrographs for the base ternary alloy, Co-7Al-7W, are
shown in Figure 4.1. The grain size was approximately 50µm. Because of the growth and re-
covery mechanisms occurring during long ageing heat treatment, annealing twins are typically
observed inside the grains [195]. The microstructure in the secondary electron image was ob-
tained after sub-solvus ageing for 200 h. Cuboidal γ′ precipitates were observed in a γ matrix.
Despite the long ageing heat treatment of 200 h, the γ′ precipitates were very small, on the order
of 20 nm.
Returning to Table 4.2, Co-7Al-7W has a density of 9.18 g cm−3 which is higher than most nickel
base superalloys [101]. To achieve lower density in this alloy system, the refractory metal (W)
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a b
Figure 4.1: a) Light micrograph of the hot rolled base alloy; b) Secondary electron image of the heat
treated base alloy.
Table 4.2: Actual compositions, solvus temperatures, densities (ρ) and Vickers hardness (HV) of the
alloys. Starred solvus temperatures indicates alloys where a γ′ volume fraction could not be determined
(Figure 4.2).
Alloy Composition at. % Solvus ρ HV
Al W Other ◦C g cm−3
Base 7.3 6.8 854 9.18 468
2Mo 7.2 4.7 1.8Mo 804 8.92 406
2V 7.3 4.8 2.1V 825 8.50 404
2Ti 6.4 6.0 2.2Ti 919 9.16 410
2Ta 9.9 4.8 1.8Ta 983 9.09 434
20Ni 7.3 7.0 20.2Ni 881 9.29 348
6Ni-4V 7.7 3.0 6.4Ni-4.2V 830 8.58 323
1Si 7.2 7.2 0.7Si 883 9.25 427
20Fe 7.3 7.0 19.5Fe 778∗ 9.04 568
10Cr 7.2 6.8 9.8Cr 861 9.29 347
13Cr 7.4 7.1 13.2Cr 835 9.39 395
17Cr 7.5 7.0 17.3Cr 778∗ 9.13 640
21Cr 7.6 7.2 21.3Cr 726∗ 9.16 681
23Cr 4.8 6.6 22.9Cr –∗ 8.78 326
21Cr-11Ni 7.5 7.2 20.8Cr-11.1Ni 777∗ 9.13 463
21Cr-21Ni 6.9 7.3 21.5Cr-21.7Ni 815 9.07 461
21Cr-32Ni 7.7 6.5 20.8Cr-33.2Ni 880 9.09 383
21Cr-11Ni-A 8.5 5.5 21.0Cr-10.9Ni 778∗ 8.89 323
21Cr-21Ni-A 9.3 4.7 21.1Cr-21.3Ni 837 8.69 401
21Cr-32Ni-A 11.2 3.4 20.5Cr-32.5Ni 906 8.36 388
content needs to be reduced. Therefore, the goal is to reduce the W content by alloying lighter
elements into the base alloy whilst still achieving a γ/γ′ microstructure with a sufficiently high
solvus temperature.
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The 2Mo, 2V and 6Ni-4V alloys show that reducing the W content reduces the alloy density
while still retaining the desired microstructure. Alloying 1 at. % of Si into the base alloy is not
sufficient to reduce the alloy density; any effect is overwhelmed by the experimental variation in
W content. 2Ti substitution for 1Al-1W had minimal effect on density. The substitution of W
for Ta, as Co for Fe, Cr and Ni, also had minimal effects on the density, as might be expected
given their atomic masses. The final three alloys, denoted by -A, also show the effect of W
content; the density reduces monotonically as W is replaced by Al, towards that of a modern
low refractory nickel base superalloy.
The area fraction of the γ′ phase was obtained from thresholding SEM images in the ImageJ
software package to produce a binary γ and γ′ image. Three SEM images were analysed from
different grains such that the area fraction is representative of the alloy and so it can be assumed
that the area fraction of the γ′ phase is the γ′ volume fraction. However, this approach only
measures the secondary γ′ fraction, and ignores the fine (< 10 nm) tertiary γ′.
Figure 4.2 summarises the effect of composition on the γ′ solvus temperature and also considers
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Figure 4.2: Effect of alloying additions and substitutions on the γ′ solvus temperature and volume
fraction of secondary γ′, compared to the literature [14; 112–115].
4.4. Results and Discussion 87
the attainable γ′ volume fraction, in the context of the literature. The alloys from the litera-
ture have already been compared and discussed in Chapter 2. The discussion here focuses on
comparing the alloys developed in this study to those in the literature.
The presented data show that alloying Ti, Ta and Ni with the ternary base system increases
the solvus. Ta in particular has significant effect on the γ′ solvus temperature. Cr appears to
increase the γ′ fraction, but not the solvus temperature. Mo appears to decease the solvus;
substitutions for W increase the fraction slightly, whilst additions decrease it. In both Co-7Al-
7W and Co-9Al-10W, Si additions decrease the fraction markedly, but the effect on the solvus
is less clear. Adding 20 at. % Fe to the Co-7Al-7W base decreases the solvus temperature and
this agrees with Ooshima et.al [112].
Mo additions to Co-9Al-7W and Co-9Al-10W decrease the γ′ fraction, whereas in the present
study, substitution of W for Mo in Co-7Al-7W increased it. It is worth noting that Ni additions
decreased the fraction significantly. It may be that some fine tertiary γ′ were also present.
Populations of these can be observed in the 2Ti and 2Ta alloys, but their fractions could not
be reliably assessed using secondary electron imaging of the etched samples. Thus, they are not
included in the fractions assessed here.
V behaves differently in different base alloys. It increased the solvus and γ′ fraction in Co-
9Al-7W, whereas in Co-9Al-10W, V decreased both solvus and fraction. Here, in Co-7Al-7W,
substitution of W for V increased the fraction enormously at the cost of a decreased solvus.
However, in the presence of Ni the fraction and solvus remained the same. As is suggested in
Chapter 2, V appears to be a γ′ former in a low W content alloy, due to the high solubility for
Al than W in the matrix. For a W-rich alloy, V is neutral or partitions to the γ matrix.
The ageing time and temperature are different used for the alloys quoted in Figure 4.2. The heat
treatment conditions for each group have been listed in Chapter 2. It is important to known
that no tertiary γ′ were observed by other reseachers. Here, 80–100 ◦C below the solvus was
used to age the alloys, and quite frequently tertiary γ′ appeared, which are not included in the
fractions measured in Figure 4.2. Thus, the volume fractions represent a minimum estimate.
However, the discussion above should prove be robust to these comments.
Small additions of Cr to Co-7Al-7W increases the solvus temperature and the volume fraction of
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γ′ phase, as shown in Figure 4.2. Cr additions are desirable, as chromia is usually protective and
therefore it is likely that Cr will improve oxidation resistance. However, beyond 10Cr the solvus
decreases and the desirable γ′ morphology can no longer be achieved. Instead of forming as fine
precipitates, the γ′ is observed as elongated lamellae. It appears that excessive Cr additions
destabilise the γ/γ′ microstructure, until in the Co-7Al-7W-23Cr alloy no solvus could be found.
Addition of 21 at. % of Cr to the base alloy lowered the solvus temperature by 128 ◦C.
Shinagawa et al. [117] found that Ni increases the solvus and widens the γ+γ′ phase field. The
results for alloys based on Co-7Al-7W-21Cr, Table 4.2, show that Ni additions can restore the
cuboidal γ′ microstructure when in sufficient quantity. This is very significant as it suggests that
it may be possible to produce Co-Ni superalloy with sufficient tolerance for Cr to be oxidation
resistant. The final three alloys that follow this idea, compensating for increasing Ni content
by increasing the Al/W ratio, show a similar effect, but with slightly elevated volume fractions
and solvus temperatures compared to their -7Al-7W counterparts. Of course, these changes also
decrease density very significantly.
4.4.1 Secondary Phases
The recent investigations of phase equilibria and long term phase stability of Co-Al-W base
alloys are reviewed in Chapter 2. It has been claimed by Sato et al. [13] that the γ′ phase is
stable at 900 ◦C, but metastable at 1000 ◦C. More recently, Kobayashi et al. [120] showed that γ′
is metastable at 900 ◦C, decomposing into γ, CoAl and Co3W at 2000 h. Therefore, a consensus
seems to be emerging that in the Co-Al-W ternary system the γ′ phase is metastable. Alloying
refractory metals into the system promotes the formation of both Co3W and Co7W6 [115]. The
mechanical properties may significantly reduced due to the presence of these secondary phases.
Therefore, it is important to understand the effect of other additions on the phase equilibria.
Back Scattered Electron Images (BSEI) at low magnifications for all the alloys showing secondary
intermetallic phases are shown in Figure 4.3, i.e. all except 2V, 20Ni, 6Ni-4V. Also, the 23Cr
alloy is excluded. Quite commonly in these 16 alloys, secondary phases are observed after heat
treatment, and these have been identified using point EDS. Table 4.3 lists the compositions of
the secondary phases observed in Figure 4.3.
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Figure 4.3: Low magnification BSEI micrographs for the 16 alloys (lightly etched) showing undesirable secondary phases, after ageing heat treatment.
The secondary phases have been identified, as indicated, by point EDS.
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Table 4.3: Compositions of the secondary phases, in at. %, found in the alloys examined after ageing heat treatment, measured by EDS and averaged over
at least 5 different points in each case (to 2 s.f.).
Alloy γ (A1) β (B2) χ (DO19) µ (D85)
Co Ni Cr Al W Co Ni Cr Al W Co Ni Cr Al W Co Ni Cr Al W
Base 91 6.6 2.7 56 41 3.0 78 4.5 17 –
2Mo 92 4.8 1.7 1.5Mo 43 54 1.7 1.4Mo 77 4.1 13 6.1Mo –
2V – – – –
2Ti 89 6.7 3.5 1.2Ti – 77 3.8 15 4.1Ti –
2Ta 82 10 5.6 2.2Ta 67 28 2.7 1.8Ta 76 5.2 12 6.9Ta –
20Ni – – – –
6Ni-4V – – – –
1Si 88 8.1 4.4 47 51 2.2 75 3.9 21 –
20Fe 61 11 3.3 25Fe – 68 3.5 19 10Fe –
10Cr 76 12 5.9 5.6 64 7.4 23 6.2 72 9.7 3.7 14 –
13Cr 73 14 5.4 7.2 62 9.4 24 4.4 72 13 3.1 12 –
17Cr 69 18 7.5 5.8 – 61 17 5.2 17 49 14 37
21Cr 69 21 6.9 5.0 – – 45 18 5.1 32
21Cr-11Ni 55 12 22 7.3 4.8 – 48 8.6 21 3.7 20 40 4.6 18 37
21Cr-21Ni 45 21 21 6.9 5.7 – – 36 8.4 19 37
21Cr-32Ni 32 33 21 7.8 5.3 – 31 25 22 4.5 18 29 13 19 39
21Cr-11Ni-A 53 11 22 7.8 5.8 – – 42 7.0 20 31
21Cr-21Ni-A 44 21 21 8.8 5.7 24 33 7.2 33 3.4 – 35 12 19 6.7 27
21Cr-32Ni-A 33 32 22 10 4.1 15 43 6.1 35 0.6 – –
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The dark contrast phase in the 1Si alloy is β, a B2-ordered intermetallic, formed during cooling
from solution heat treatment at 1300 ◦C. This phase has previously been observed [115; 120].
The compositions of B2 observed fall into two groups; those in the simple ternary, 2Mo and 1Si
alloys that have nearly 50 % Al, and those associated with Ta and Cr additions that have lower
Al contents. Quite often, where B2 phase has formed then adjacent to it a region of Co-rich
(A1) phase is found that is free of γ′.
The χ DO19 phase is also frequently observed, appearing as bright (high-Z) phases in the
micrographs. Taking the Base, 2Ta and 1Si micrographs as exemplars, it appears that the A1
phase has decomposed into a 3-phase mixture of A1, χ and β, particularly in the region of grain
boundaries. Away from these regions, the desired A1-γ/γ′ microstructure is observed (albeit
discontinuous coarsened in the 20Fe, 17Cr and 21Cr alloys). The formation of the Co3W phase
is by a peritectoid reaction between the γ-Co and the Co7W6 phase upon cooling [119; 196].
In contrast, the major secondary phase in the alloys with > 17 at. % Cr is µ Co7W6. It primarily
formed during solution heat treatment at 1300 ◦C. In addition, some traces of Co3W can be
found in the alloys. Due to heavy elements in both types of precipitate, they both appear in
bright contrast in the image, but can readily be distinguished in EDS from their W contents.
The small circular < 1µm precipitates in the -A alloys where the Ni addition has been balanced
by changing the Al/W ratio are rather small for analysis by EDS in the SEM with its sampling
volume of characteristic length ∼ 6µm. However, based on the literature, morphology and EDS
observation of elevated Ni contents, they are tentatively assigned as (Co,Ni)3Cr.
10 μm
2V 20Ni 6Ni-4V
Figure 4.4: Low magnification BSEI micrographs for the 2V, 20Ni and 6Ni-4V alloys (lightly etched)
showing no secondary phases, after ageing heat treatment.
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4.4.2 γ′ Distribution
Figures 4.5a and b show that both Co-7Al-5W-2Mo and Co-7Al-5W-2V produce very fine
cuboidal γ′ precipitates (∼ 20 nm in size) after 200 h ageing heat treatment. Xue et al. [115]
examined the addition of 2 at. % Mo and 2 at. % V into Co-9Al-10W, and heat treated for 50 h
and 300 h at a much higher temperature; consequently, the γ′ they observed were much coarser.
As for nickel base superalloys, Ti and Ta in Co-Al-W are strong γ′ stabilizing elements [118].
Therefore, ageing at higher temperatures was possible and consequently a larger γ′ size was
observed in the 2Ti and 2Ta alloys (Figure 4.5c, d) when compared to the base alloy. The γ′
precipitates in the 2Ti alloy are on average ∼ 100 nm in size. The 2Ta alloy had an average
secondary γ′ size of ∼ 150 nm. Precipitates lose coherency as the lattice misfit increases. Fur-
thermore, large lattice misfit contributes to the driving force for coarsening via coalescence of
100 nm 100 nm
100 nm100 nm
a b
c d
Figure 4.5: Secondary electron images of heat treated Co-Al-W base alloys with addition of a) 2Mo, b)
2V, c) 2Ti and d) 2Ta.
4.4. Results and Discussion 93
precipitates. Both are detrimental to the creep strength [197]. Tertiary γ′ precipitates were also
observed in both of these alloys, consistent with precipitation of fine cooling γ′.
The lattice misfit values for these two alloys have been recently determined using the X-ray
synchrotron by Yan et al. [133], and are around +0.5 %, compared to around -0.2 % in nickel
base superalloys [3]. The lattice misfit in the 2Ta alloy is higher than that in the 2Ti alloy. This
offers a possible explanation for the observation that the 2Ta alloy coarsened more rapidly than
the 2Ti alloy. Although, given the differences in solvus, ageing temperatures and ageing time,
this comparison should be treated with caution. Despite the fact that the Ta containing alloy
had a greater coarsening rate, a recent report [114] shows that alloying Ta into the Co-Al-W base
alloy effectively improves the creep strength. The coarsening rate for these Co-Al-W base alloys
still remain unquantified. Further investigations are needed to understand (i) the diffusivity
100 nm 100 nm
1 μm
a b
c d
coarsened γʹ
100 nm
Figure 4.6: Secondary electron images of heat treated Co-Al-W base alloys with addition of a) 20Ni, b)
6Ni-4V, c) 1Si and d) 20Fe.
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and solubility of secondary additions (and even W) in the Co matrix, (ii) the interfacial energy
between the γ and γ′ phases, (iii) how the lattice misfit changes with temperature.
Figure 4.6 shows that the average size of the γ′ in the 20Ni alloy was ∼ 80 nm, whereas in the
6Ni-4V alloy, the average precipitate size was ∼ 50 nm. However, the solvus, ageing temperature
and volume fraction are different. With the 20Ni alloy being aged at a higher temperature, which
would increase the coarsening rate. In the 20Ni alloy the etchant used became a γ′ etch instead
of the γ etch found in the base ternary Co-Al-W system. Hence, the γ′ appear to change from
white to black in secondary imaging. This effect can also be observed in Shinagawa et al. [117].
The addition of 1 at. % Si to the Co-Al-W system did not produce a continuous γ/γ′ microstruc-
ture, Figure 4.7. Pockets of the desirable γ/γ′ microstructure exist, with average precipitate size
∼ 100 nm, Figure 4.6c. The alloy with 20 at. % Fe did not produce the desired γ/γ′ microstruc-
ture. Instead, discontinuous coarsening was observed, see Figure 4.6d. Recently, Bauer et al.
[114] examined the effect of alloying Fe into the Co-9Al-9W-0.12B base alloy. A stable γ/γ′
microstructure was observed in the Co-9Al-9W-8Fe-0.12B alloy, but as the Fe content increases
to 16 at. %, the γ/γ′ microstructure ceased to exist. Both experiments show that too much Fe
content in the Co-Al-W system destabilises the γ/γ′ microstructure.
γ/γʹ 
Co3W
5 μm
γ/γʹ 
γ/γʹ 
γ/γʹ 
γ/γʹ 
Figure 4.7: 1Si alloy observed at low magnification using secondary electron imaging. Pockets of γ/γ′
are observed, as well as pockets of γ only. The effect is most noticeable when etched using the Spar
etchant [133], as has been done here.
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100 nm 100 nm
1 μm 1 μm
a b
c d
coarsened γʹ
coarsened γʹ
μ
μ
μ
μ
Figure 4.8: Secondary electron images of Cr containing alloys a) 10Cr, b)13Cr, c) 17Cr and d) 21Cr.
Figure 4.8 shows that as the Cr content was increased, the γ/γ′ microstructure became less
stable. With addition of 10 at. % Cr to the base alloy, the γ′ became more rounded with an
average γ′ size of ∼ 80 nm, Figure 4.8a. After a further increase in the Cr content to 13 at. %,
the γ/γ′ microstructure was still observed, Figure 4.8b. Further increasing the Cr content to 17
at. % and 21 at. % resulted in discontinuous precipitation and an absence of cuboidal γ′ (Figure
4.8c, d). This is in agreement with Bauer et al. [114]. The blocky precipitates are the µ and χ
phases discussed previously.
Co-7Al-7W-21Cr-11Ni (Figure 4.9a) did not produce a γ/γ′ microstructure, neither did Co-8Al-
6W-21Cr-11Ni (Figure 4.9d). Both these alloys contained large amount of µ Co7W6 precipitates,
with small amounts of γ′ around them. Fine γ′ precipitates were observed in Co-7Al-7W-21Cr-
21Ni (Figure 4.9b), demonstrating that increasing the Ni content acts to stabilise the γ′, widening
the phase field as suggested by Shinagawa et al. [117] In the Co-9Al-5W-21Cr-21Ni alloy (Figure
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1 μm
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f
Figure 4.9: Secondary electron images of a) 21Cr-11Ni, b) 21Cr-21Ni, c) 21Cr-32Ni, d) 21Cr-11Ni-A,
e) 21Cr-21Ni-A and f) 21Cr-32Ni-A.
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4.9e), the average size of the precipitates was much larger than in the Co-7Al-7W-21Cr-21Ni
alloy. Similarly, in the Co-10.5Al-3.5W-21Cr-32Ni alloy (Figure 4.9f), the average precipitate
size was also larger than in Co-7Al-7W-21Cr-32Ni (Figure 4.9c). Therefore, replacing W with
Al appears to increase the coarsening rate, as might be expected given the higher solubility of Al
in the A1 matrix phase [3]. The shape of the γ′ also becomes more spherical as the Ni content is
increased, as observed by Shinagawa et al. [117]. It is widely accepted that the γ′ morphology
changes from cuboidal to spherical shaped due to a decrease in lattice misfit.
4.4.3 Hardness Measurements
The base Co-7Al-7W alloy had a hardness of 468 HV. Very much higher hardness was observed in
the discontinuously coarsened 20Fe, 17Cr and 21Cr alloys. However, these interwoven lamellae
are brittle, act as notches and are likely to initiates cracks [198] and are therefore undesirable
even if they result in high strength. Despite processing a higher γ′ fraction, the 10Cr, 13Cr
and 2V alloys all had lower hardness than the base alloy, probably because the γ′ contents are
too high to permit continuous films of γ. It can be observed that increasing Ni content (20Ni,
21Cr-21Ni, 21Cr-32Ni and the -A variants) decreases the hardness. This may be a consequence
of decreasing the γ′ content. Similarly, increasing the Al/W ratio decreased the hardness, which
coincides with an increase in γ′ size, but may also change the stacking fault energy. It is observed
that the base alloy was among the hardest of the alloys with a desirable microstructure.
4.4.4 Cyclic Oxidation
The effect of the basic quaternary alloying elements on the oxidation behaviour was examined
using a cyclic oxidation experiment in air at 800 ◦C for 196 h, Figure 4.10.
It should be noted that spallation occurred on all of the first 10 alloys during cooling. Therefore,
it is difficult to determine the oxidation kinetics of the alloys. The efficacy of the different
additions at limiting oxidation, in decreasing order, are found to be Cr, Fe, Si, Ta, Ni, Ti, Mo,
V at 800 ◦C. These results agreed with Xu et al. [175] that the effect the alloying elements on
the oxidation resistance is in the order Ta > Ti > Mo at 800 ◦C. Furthermore, the results also
with Klein et al. [164; 165], that adding Si and Cr to the alloy improved oxidation resistance.
98 Chapter 4. Alloying Effects in Polycrystalline γ′ Strengthened Co-Al-W Base Alloys
Time (h)
(M
as
s 
ch
an
ge
)
  
(m
g 
/c
m
 )
2
4
6Ni-4V
2V
10Cr
1Si
20Fe
400
Base
2Ta
20Ni
2Ti
2Mo
100500
100
0
300
500
200
150
2
Figure 4.10: Mass change data for the first 10 quaternary Co-Al-W base alloys from the cyclic oxidation
experiment plotted as (mass change)2 against time.
Figure 4.10 also shows that adding V to the alloy (2V alloy) reduced the oxidation resistance
quite dramatically. Moreover, comparing the 20Ni alloy to the base alloy, alloying with Ni does
not improve the oxidation resistance. Therefore, 6Ni-4V alloy is the weakest performing alloy
in terms of oxidation behaviour. The 20Fe alloy has a better oxidation resistance than 1Si alloy,
but alloying with Si and Cr results in formation of protective oxide scales. Unlike Si and Cr,
addition of Fe does not provide a protective oxide.
Co3W
100 μm 30 μm
Figure 4.11: Secondary electron image of the base alloy after 196 h exposure in air at 800 ◦C. Micrograph
from sample thermally cycled without the use of a lid to contain spallation products.
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The oxide scales were very similar in morphology and phases observed. An example of secondary
electron image of the base alloy after 196 h exposure in air at 800 ◦C shown in Figure 4.11. Three
layers of oxides can be observed, which can be distinguished on the basis of composition. Area
EDS (20µm x 20µm) in the JEOL JSM 6400 scanning electron microscope was used to arrive
at this determination. In the base alloy, the outer layer had a measured composition of 61 Co
– 39 O (at. %), which has been previously referred to as either CoO [162] or Co3O4 [163]. The
inner layer has both an outer part with composition 32 Co – 9 Al – 10 W – 49 O (at. %), and an
inner part with similar O content but contains less Al, implying that there is outward migration
of Al to the top of the inner layer. Klein et al. [165] claim that the outer part of the inner
layer contains some Al2O3, consistent with this finding. In the base metal below, there is a
corresponding Al-depleted zone containing γ+χ Co3W. Between the two oxide layers and the
base metal Kirkendall voids can be observed, which will tend to weaken the adherence of the
oxide layers and promote spallation.
Table 4.4 provides the mass change data for the Cr and Ni-Cr alloys. It is observed that the
mass of the 10Cr and 13Cr alloys reduced after 144 h exposure time. This was due to spallation
that was not contained by adding lids during cooling. Moreover, negative mass change data was
recorded in the 13Cr alloy after 36 h exposure time. No spallation was observed in the 17Cr,
21Cr and 23Cr alloys, whilst the mass of these alloys is very stable, indicating that these alloys
had good oxidation resistance. Unfortunately, the amount of Cr in these alloys was so great
that it destabilised the γ/γ′ microstructure.
The 21Cr-11Ni alloy showed poor oxidation resistance, presumably because it lacked a γ/γ′
microstructure. In contrast, the 21Ni, 32Ni, and final alloys with additional Al all showed stable
oxide film growth. However, it should be noted that none approached the efficacy of the 13Cr
addition to the base alloy, that very high Ni additions were slightly detrimental, and that Al
additions resulted in smaller mass gains.
These results indicate that improved oxidation resistance can be obtained in Co base superalloys:
in the 800 ◦C, 196 h condition, a mass gain in the 13Cr alloy of 0.3 mg cm−2 is over 40 times
better than in the base Co-7Al-7W alloy (mass gain of 12.9 mg cm−2).
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Table 4.4: Mass change data (mg cm−2) for different at. % Cr /or Ni content in the second series of Co-Al-W base alloys subjected to cyclic oxidation at
800 ◦C.
Al-W content 7Al-7W 7Al-7W 7Al-7W 7Al-7W 7Al-7W 7Al-7W 7Al-7W 7Al-7W 8Al-6W 9Al-5W 10.5Al-3.5W
Time (h) 10Cr 13Cr 17Cr 21Cr 23 Cr 21Cr-11Ni 21Cr-21Ni 21Cr-32Ni 21Cr-11Ni 21Cr-21Ni 21Cr-32Ni
0 0 0 0 0 0 0 0 0 0 0 0
4 0 0 0 0 0 0 0 0 0 0 0
16 0 0 0.5 0.2 0.7 0.2 0.3 0.5 0.5 0 1.4
36 0.6 -0.3 1.0 0.2 0.7 1.9 0.3 1.3 1.0 0.5 1.6
64 0.9 -0.3 1.0 0.7 0.7 2.1 1.4 1.3 1.4 0.5 1.6
100 2.0 1.2 1.0 0.7 0.7 3.0 0.8 1.3 1.0 0.5 1.4
144 0.9 0.3 1.0 0.7 0.7 3.7 0.8 1.3 1.0 0.5 1.4
196 0.9 0.3 1.0 0.7 0.7 4.0 0.8 1.3 1.0 0.5 1.4
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4.5 Conclusions
• A polycrystalline hot working ingot metallurgy processing route has been demonstrated
and applied to a series of Co-Al-W base alloys.
• The expected trends in γ′ content, solvus temperature and density are reproduced.
Mo, V and Fe lower the solvus temperature. Due to their lower atomic mass, V and
Fe additions reduce density.
Ti and Ta raise the solvus temperature, with the substitution of -2Ta for W increasing
the solvus by over 150 ◦C. This alloy coarsened quite rapidly on ageing, and appeared to
possess a further population of tertiary γ′.
Cr additions lower the solvus temperature, and too much Cr can destabilise the γ/γ′
microstructure.
Ni additions increased the solvus but reduced the observable γ′ fraction. In the -
21Cr containing alloys, Ni additions stabilised the γ/γ′ phase assemblage, presumably by
extending the size of the γ′ phase field.
• Hardness testing showed that alloys suffering discontinuous precipitation had higher hard-
ness. Secondary phases also resulted in very high hardness.
• Undesirable secondary phases are often found in the Co superalloys, with the γ′ phase
co-existing with the Co-γ matrix, CoAl, Co3W and Co7W6. Most of the secondary phases
are present after solution heat treatment.
• Cuboid shaped γ′ precipitates are observed in most of the quaternary alloys; spherical
shaped γ′ precipitates are produced when the Ni content is increased.
• The cyclic oxidation results show the oxide scales exhibit a three-layered structure. The
cobalt oxide scales formed are not protective and suffered from spallation on cooling during
cyclic oxidation testing. The base metal below the oxide scale depleted of Al, forming a
region of γ matrix and elongated Co3W precipitates. At 800
◦C in air, alloying V, Mo, Ti
and Ni into the alloys reduced the oxidation resistance, whereas Ta, Si, Fe and Cr addition
were beneficial for the oxidation behaviour.
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Chapter 5
Effect of Alloying on the Oxidation
Behaviour of Co-Al-W Base Alloys
5.1 Summary
The 800 ◦C isothermal and cyclic oxidation behaviour of alloys based on Co-7Al-7W (at. %)
was examined. Cr, Fe and Si additions were beneficial. Repeated oxide bilayers formed during
cycling of non-Cr alloys, which were not protective (> 100µm thick). In these layers, the outer
was Co3O4 and the inner, a porous Co3O4 and Al2O3 mixture. A 10 at. % Cr addition was
sufficient to achieve a protective, ∼ 1µm thick scale which contained an outer layer of Al2CoO4,
a very thin (100 nm) middle layer of Cr2O3 and an inner layer of Al2O3. Therefore protective
oxide scales are possible in γ/γ′, Co-Co3(Al,W) superalloys..
5.2 Introduction
To date, a few studies have been carried out to examine the oxidation behaviour of the Co-Al-W
ternary system [133; 163; 164; 175; 199]. A multi-layered oxide structure has been observed in
Co-Al-W alloys subjected to exposure in air at 800–900 ◦C. It has been found that Co oxides
3The work described in this chapter has been submitted to ‘Corrosion Science’ under the title ‘Effect of alloying
on the oxidation behaviour of Co-Al-W base alloys’.
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are not protective and suffer from spallation during cooling [133; 165]. The understanding of
alloying effects is still limited. In general, it is known that alloying with Cr and Si helps form
highly protective oxides of chromia and silica and thus improves the oxidation resistance [200].
In the previous chapter, the alloys were subjected to cyclic oxidation at 800 ◦C for 196 h, The
oxide scales exhibited a three-layered structure. The base metal underneath becomes depleted
of the γ′ phase, forming a region with a γ matrix and high aspect ratio Co3W precipitates. V,
Mo, Ti and Ni additions reduced the oxidation resistance, whereas alloying with Ta, Si, Fe and
Cr was beneficial. Furthermore, whilst increasing the Cr content in the Co-Al-W base alloys
improved the oxidation resistance, excessive additions of Cr destabilised the γ/γ′ microstructure.
To address this, Ni was added to the Co-Al-W-Cr alloy stabilised the γ/γ′ microstructure while
retaining the oxidation resistance of the alloy.
It should be noted that gas turbine blades are usually coated with thermal barrier coatings
and diffusion barrier layers that also have the effect of reducing the requirement for bare metal
oxidation resistance. However, the internal cooling passages of blades are still subjected to
elevated temperature, and more importantly so are gas turbine discs. For these requirements
current steady-state temperatures in operation are in the region of 650–750 ◦C, with 800 ◦C
representing an aspiration. Therefore, in the previous and present study the 800 ◦C condition
was considered in a fine grained wrought-processed polycrystalline material similar to that used
in current forged discs.
In this chapter, an in-depth study of the effect of alloying elements on the oxidation behaviour of
Co-Al-W base superalloys at 800 ◦C is presented, based on variations of the Co-7Al-7W (at. %)
alloy. Both isothermal and cyclic oxidation experiments are presented and compared. The
difference in oxidation sequence and mechanisms between a Co-7Al-7W (at. %) model ternary
and Co-7Al-7W with 10 at. % Cr is discussed. These findings will be of assistance to the Co-
Al-W base superalloy community that is attempting to develop oxidation-resistant successors to
nickel base superalloys.
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5.3 Experimental Procedures
10 alloys were investigated here, the nominal compositions of the alloys are listed in Table
5.1. It is important to note that these 10 alloys were produced in the Materials Department
at University of Cambridge. Further details of the melting and alloying processing routes, are
provided in Chapter 3.
Isothermal oxidation experiments were then carried out. Cylindrical specimens 3.5 mm in diame-
ter and 2.5 mm thick were wire Electrical Discharge Machined (EDM) from the strip. Specimens
were surface ground, cleaned and weighed prior to loading into a Netzsch Jupiter simultaneous
Differential Scanning Calorimeter (DSC) / Thermogravimetric Analyser (TGA). A heating rate
from room temperature to 800 ◦C of 10 ◦C min−1 was used. During the experiment, dry air was
supplied and the total exposure time was 1200 min.
Cyclic oxidation tests were also performed on all 10 alloys. 2.5 × 2.5 × 2.5 mm cubes were
machined from the aged strip using a precision circular saw, the surfaces ground to a surface
finish of 0.25µm, cleaned and degreased. Specimens were placed in flat-bottomed alumina
crucibles and tested in air at 800 ◦C in a laboratory furnace. To contain spallation products, lids
were placed on the crucibles before weighing during periodic specimen removal and air cooling.
Each oxidation cycle was performed according to the following procedure: 1. Placement of the
specimens into the furnace at 800 ◦C. 2. Specimen oxidation in the furnace environment for the
allocated period of time. 3. Removal of the specimens from the furnace at 800 ◦C. 4. Cooling
of the specimens from 800 ◦C to room temperature for approximately 30 min. 5. Weighing of
the specimens in the electronic balance. An electronic balance with a resolution of ±0.15 mg
was used for weighing. The mass change was measured after 4, 16, 36, 64, 100, 144 and 196 h of
exposure.
The morphology, thickness and structure of the oxide layers were examined in a LEO - Field
Emission Gun Scanning Electron Microscope (FEG-SEM) using samples cold-mounted in acrylic
resin, ground, polished and sputter coated with gold. Composition measurements were per-
formed using Energy Dispersive X-ray Spectroscopy (EDS).
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Small volume sections of the oxide layers from the base alloy (Co-7Al-7W) and the 10Cr alloy
(Co-7Al-7W-10Cr) were obtained using a Helios NanoLab-DualBeam Focused Ion Beam (FIB).
Large grained FIB specimens (Figure 5.5b) were examined using a JEOL 2000FX Transmission
Electron Microscope (TEM) to observe selected area diffraction patterns. An FEI TITAN 80/300
TEM/STEM fitted with a monochromator and an image aberration corrector was used to obtain
high resolution lattice images for small grained FIB specimens (Figures 5.5c, d). “Diffraction
patterns” (frequency domain images) were obtained using Fast Fourier Transforms (FFT) in the
ImageJ software package. Point EDS analysis was carried out to determine chemical composition
in all of the FIB specimens. A JEOL JEM-2100F field emission TEM/STEM with an Oxford
Instruments X-Max 80 mm2 silicon drift EDS detector was used to obtain chemical composition
maps of selected FIB specimens. A low background beryllium double-tilt holder was used to
support the foils.
5.4 Results
Mass change data for the isothermal oxidation tests are shown in Figure 5.1. It should be noted
that the instrument reports incremental changes, whereas the total mass change is reported
here. The fluctuation in the mass change data shortly after 300 min are an experimental artefact
associated with the building services management of the laboratory air handling system.
Figure 5.1a displays (i) approximately parabolic growth behaviour, (ii) continuous mass gains
because the spallation products were retained, and (iii) a ranking of the alloys from best to
worst as follows: 10Cr > 20Fe > 1Si > 20Ni > 2Ta > Base > 2Mo > 2Ti > 6Ni-4V > 2V.
Oxide film growth is expected to be parabolic with time [201] where oxidation is diffusion
controlled, where there is no change in mechanism and only up to when crack and/or spallation
occurs. Very commonly such conditions are not obeyed. Nevertheless, it is common in the
literature to calculate parabolic rate constants (Kp) from the gradient of figures such as Figure
5.1b, assuming behaviour according to (mass change)2 = Kpt, where mass change is measured
in mg cm−2, time (t) is in hours and Kp, is in mg2 cm−4 h−1. The Wavemetrics Igor Pro software
package was used to obtain the parabolic rate constants provided in Table 5.1.
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Figure 5.1: Mass change data from the isothermal oxidation experiment at 800 ◦C over the duration of 20 h plotted as mass change against time (a) and
as (mass change)2 against time (b). The alloy designations are given in Table 5.1.
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Table 5.1: Rate constants (mg2 cm−4 h−1) for the isothermal oxidation experiments performed at 800 ◦C
over the duration of 20 h.
Alloy Abbr. Rate constants
Co-7Al-7W-10Cr 10Cr 0.003
Co-7Al-7W-20Fe 20Fe 0.032
Co-7Al-7W-1Si 1Si 0.139
Co-7Al-7W-20Ni 20Ni 0.315
Co-7Al-5W-2Ta 2Ta 0.339
Co-7Al-7W Base 0.365
Co-7Al-5W-2Mo 2Mo 0.426
Co-6Al-6W-2Ti 2Ti 0.507
Co-7Al-3W-6Ni-4V 6Ni-4V 0.616
Co-7Al-5W-2V 2V 1.161
In the present case, in both the isothermal and cyclic tests, spallation and cracking occurred
during exposure. However, spalled oxides were contained in the sample crucible and so the data
accommodates the effects of spallation even though the rate constants do not reflect a simple
diffusion-controlled situation. The plots in Figure 5.1b are close to fitting the classic view of high
temperature oxidation, and therefore these rate constants are regarded as being of engineering
utility.
10 μm
Figure 5.2: Back scattered electron image of the oxide scale formed on the base alloy after 20 h of
isothermal oxidation at 800 ◦C.
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Figure 5.2 shows a back scattered electron image of the base alloy after 20 h of isothermal
oxidation at 800 ◦C. The thickness of the oxide has been measured (using ImageJ) and the
average thickness was 36µm. The image shows that there are two distinct oxide layers. The
outer layer is porous. Point EDS analysis has shown that the outer layer is a Co rich oxide and
the inner oxide layer contains Co, Al and W. The outermost metal substrate has precipitated
the undesirable intermetallic phase Co3W and is also denuded of γ
′.
During cyclic oxidation experiments oxides spall non-uniformly during cooling. This can lead
to the weight of the specimen decreasing with increasing cycle number [174]. In this study, the
total mass of the oxidised specimens increases with increasing exposure time, Table 5.2. This is
because most of the spallation products were contained inside the crucibles. In the case of the
10Cr and 1Si alloys after 144 h exposure in the furnace, the weight of the samples was found
to decrease. This was because the crucibles were not covered during the exposure to ensure a
free supply of air. Once the furnace door was opened, the inflow of cooler room temperature air
caused the furnace temperature to drop temporarily by an amount that is difficult to quantify.
This temperature drop resulted in some minor oxide spallation prior to the lids being placed
over each crucible.
Both isothermal and cyclic oxidation experiments show that the addition of Cr, Fe and Si to the
Co-Al-W base alloys improves the oxidation resistance. Alloying Mo and V into the alloys has
a negative effect on the oxidation behaviour. Both of these oxides are have poor adherence to
Table 5.2: Mass change data (mg cm−2) for Co-Al-W base alloys subjected to cyclic oxidation at 800 ◦C.
Alloy Time (h)
0 4 16 36 64 100 144 196
10Cr 0 0 0 0.6 0.9 2.0 0.9 0.9
20Fe 0 1.2 1.2 1.5 2.3 2.5 2.5 2.5
1Si 0 0.7 2.2 4.7 5.0 7.9 6.8 7.6
2Ta 0 1.8 4.0 5.8 7.1 7.4 7.9 8.2
Base 0 2.2 4.0 7.4 7.7 9.5 9.8 12.9
20Ni 0 3.2 5.3 7.7 8.4 11.6 12.7 14.1
2Ti 0 2.1 4.8 6.6 7.5 9.9 10.5 14.4
2Mo 0 2.0 4.9 6.4 9.8 12.8 14.7 18.9
2V 0 2.0 4.3 7.5 10.7 14.7 17.3 22.2
6Ni-4V 0 2.3 4.1 7.6 10.8 14.6 18.8 23.1
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the substrate and are volatile at temperatures as low as 600 ◦C, which can lead to catastrophic
oxidation that can result in component cracking [202]. Vanadium oxide is also undesirable for its
‘pest’ effect, whereby it can contaminate other non V containing components of the turbine and
adversely affect their oxidation performance [143]. The order of decreasing oxidation resistance
of the alloys from the cyclic tests is 10Cr > 20Fe > 1Si > 2Ta > Base > 20Ni > 2Ti > 2Mo >
2V > 6Ni-4V.
The back scattered electron images shown in Figure 5.3 were taken from cross sections of the
specimens after 196 h cyclic oxidation at 800 ◦C. Multilayer oxide scales can be seen in the
base, 2Mo, 2V and 6Ni-4V alloys. The overall oxide thicknesses in these alloys were in excess
of 100µm (Table 5.3). It should be noted that the micrograph of the 2V alloy in Figure 5.3
the outermost layers appear brighter. However, EDS mapping showed that this was an artefact
arising from localised charging in the specimen during imaging and did not correspond to an
increased concentration of elements with greater atomic mass. From the contrast in the back
scattered electron images, three different regions can be observed in the oxide scales of the 2Ti,
2Ta, 20Ni, 20Fe and 1Si alloys. Voids were also found in the 2Ti, 2Ta, 20Ni and 1Si alloys at
the oxide/metal interface. Their form was suggestive of a vacancy formation mechanism. The
voids weaken the adherence of the oxide layers and promote spallation. The voids in the 20Fe
alloy are smaller and fewer in number. This is one way to rationalise the finding that the 20
at. % Fe addition improved the oxidation resistance. Addition of 10 at. % Cr to the Co-Al-W
base alloys forms the thinnest oxide scale (∼ 1.3µm). This thin layer of oxide appears to have
Table 5.3: Comparison of the mean oxide thicknesses observed after 196 h of cyclic oxidation at 800 ◦C.
Alloy Oxide thickness
µm
Base 106±12
2Mo 115±15
2V 158±24
2Ti 83±4
2Ta 54±9
20Ni 119±7
6Ni-4V 168±11
1Si 78±5
20Fe 50±7
10Cr 1.3±0.4
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Figure 5.3: Back scattered electron images of the oxide scales formed in the alloys examined after 196 h
of cyclic oxidation in air at 800 ◦C. N.B. different scale bars for the V- and Cr- containing alloys.
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been truly protective, limiting further oxidation. In all of the oxidised specimens, similar to the
isothermal oxidation specimens, needle shaped intermetallic precipitates of Co3W were found in
the outermost layer of the metal substrate.
To identify the different oxide layers, EDS mapping was carried out on all the specimens. Due
to overall similarities between the specimens, only the base and 10Cr alloys will be discussed
here. Figure 5.4 shows an EDS map of the base alloy. It can be seen that alternating oxide
layers with different chemical compositions have been formed. The outer layer is mainly Co
containing oxides with some Al. Underneath this, a layer enriched in Al and W is found. It
is known that the interaction volume of the electron beam can up to 6µm deep [203] and the
accuracy of chemical composition determination in EDS analysis is ∼ 2 % [204].
30 μm
Co3W
100 μm
Co Al
W O
200 μm 200 μm
200 μm 200 μm
Figure 5.4: Backscatter electron image (top) for the base Co-7Al-7W alloy after 196 h of cyclic oxidation
at 800 ◦C, and corresponding elemental EDS maps from SEM (bottom).
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Co can form one of three possible oxides at high temperatures. CoO has cubic rock salt struc-
ture with a lattice constant of 4.26 A˚ [168]. It is stable above 900 ◦C [169]. Co3O4 is another
stable oxide that has a cubic spinel structure with a lattice constant of 8.15 A˚ [166]. Under
readily attainable oxygen partial pressures, it is thermodynamically favourable to form Co3O4
[167]. The third type of oxide is Co2O3, which is thermally unstable, typically being obtained
electrochemically under carefully controlled conditions [170; 171].
Due to the accuracy limitations of EDS analysis, it can be difficult to distinguish between CoO,
Co2O3 and Co3O4. Therefore, to determine the type of oxide that forms in these layers, small
volume sections of the oxide layers were obtained from FIB, and selected area electron diffraction
patterns were obtained from individual grains in the TEM. The lattice constants were calculated
from each diffraction pattern, the calculated lattice constants were compared to the literature
values and thus the type of Co oxide determined. Figure 5.5a shows the back scattered electron
image of the base alloy after sectioning and lift out in the FIB. The first three layers from the
oxide specimen have been investigated.
Bright field TEM images for the first three oxide layers from the base alloy are shown in Figure
5.5b-d. The average grain size in the first layer is ∼ 2–3µm. Six grains were examined using
convergent beam TEM EDS and the average chemical composition calculated. The average
chemical compositions for each layer are listed in Table 5.4. The average chemical composition
for the first layer was 43 Co – 57 O (at. %), which suggests that the oxide would be Co3O4.
However, given that the oxygen contents for the three oxides are quite similar – 50 at. % for
CoO, 57 at. % for Co3O4 and 60 at. % for Co2O3, it is prudent to also make use of the structural
information available from the electron diffraction patterns. An example of a selected area
diffraction pattern is shown in Figure 5.6a. The zone axis has been labelled in the pattern, and
the diffraction pattern was compared to the simulated diffraction pattern generated using the
Table 5.4: The average chemical compositions (at. %) for each oxide layer examined in the base Co-7Al-
7W alloy after 196 h of cyclic oxidation at 800 ◦C.
Layer Co Al W O Oxide
First 43 ± 4 – – 57 ± 3 Co3O4
Second 25 ± 2 10 ± 2 3 ± 2 62 ± 2 Co3O4/Al2O3
Third 37 ± 4 – – 63 ± 4 Co3O4
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0.2 μm 200 nm
Figure 5.5: Backscatter electron image from the base alloy subjected to 196 h of cyclic oxidation at
800 ◦C after sectioning by FIB milling (a) and bright field TEM images from foil specimens taken from
each layer (b-d).
Crystal Maker software using a crystal structure from the literature [166]. The average lattice
constant for the first layer was measured to be 8.20 A˚. This value is close to the lattice constant
in Co3O4 – 8.15 A˚ [166] This confirms that the first layer oxide from the base alloy is Co3O4.
Chemically, only Co and O were detected in the TEM. No Al can be quantified in these grains,
but EDS mapping in the SEM (Figure 5.4) showed trace amounts of Al. This discrepancy is
either due to the differences in the volume of material sampled by the electron probes in the
two instruments, or the fact that some sparse localised grains of Al containing oxide exist in the
bulk oxide that were not present in the FIB section used for TEM.
The second oxide layer is porous. The average chemical composition for the middle layer is 25
Co – 10 Al – 3 W – 62 O (at. %). This suggests that mixed oxides could be formed in this layer.
The average grain size in this layer is much smaller than in the first layer and most of the grains
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Figure 5.6: Selected area diffraction pattern from the first layer (a) and frequency domain images from
second (b-c) and (d) third layers (left), formed in the base alloy after 196 h of cyclic oxidation at 800 ◦C,
and corresponding simulated diffraction patterns (right).
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in the TEM specimen overlap. The grain size is less than 200 nm, which is beyond the limit
of conventional diffraction analysis in the JEOL 2000FX TEM. Therefore, it was impossible to
obtain selected area diffraction patterns from this layer. For this reason, the high-resolution
phase contrast imaging of the lattice was performed on 6 grains using the FEI TITAN 80/300
TEM. Examples of frequency domain images are shown in Figure 5.6b-c. Measuring the angles
and distances between the spots in the frequency domain images and comparing them to the
simulated diffraction patterns suggests the presence of two oxides: Co3O4 and Al2O3. The
average lattice constant of Co3O4 in the second layer was measured to be 8.14 A˚. Al2O3 has a
trigonal structure with average lattice constants of a = 4.77 A˚ and c = 13.0 A˚. These measured
lattice parameters matched closely the literature values a = 4.76 A˚ and c = 13.0 A˚ [205].
In order to confirm this conclusion chemically, EDS mapping was performed using a JEOL JEM-
2100F microscope fitted with a solid state EDS detector, Figure 5.7. The combination of probe
current and detector sensitivity in this TEM meant that elemental mapping was possible. This
showed that two distinct groups of compositions could be observed. The first group contained
Al and Co in similar quantities, which has confirmed that Co3O4 and Al2O4 co-exist in the
middle layer. The grains of the two types of oxide are overlapped and cannot be distinguished
from one another in the mapping. The solubility for Co on the Al site is limited in alumina
in this case. However, it is worth noting that some solubility of Co in Al2O3 is possible, but
this typically requires at very high temperature ∼ 1300 ◦C [206]. The second group contained
significant quantities of W, implying that there is some solubility for W in the Co3O4 phase.
The average chemical composition of the third layer was found to be 37 Co – 63 O (at. %); the
oxygen content in the third layer was higher than that in the first. At the triple junctions the
average chemical composition was found to be 30 Co – 3 Al – 67 O (at. %). An example of the
frequency domain image is shown in Figure 5.6d. The average grain size was ∼ 200 nm, therefore
high resolution TEM was also used to determine the oxide phase. The average lattice constant
of the tested grains was 8.12 A˚, confirming that the third layer oxide is also Co3O4. EDS has
also shown that that the triple junctions were enriched in Al. As was the case with the first
layer, TEM imaging showed that there were no alumina grains present in the regions examined.
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Figure 5.7: STEM-EDS map obtained from the second oxide layer of the base alloy subjected to cyclic
oxidation at 800 ◦C for 196 h.
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Figure 5.8: Backscatter electron image of the oxide scale formed in the 10Cr alloy subjected to cyclic
oxidation at 800 ◦C for 196 h, and EDS maps of the elements present, obtained in the SEM.
The oxide scale grown in the 10Cr alloy is shown in Figure 5.8. A very thin oxide scale (∼
1.3µm) was formed on the alloy surface, and the EDS results show that this scale is Al rich.
Examining the scale at higher magnification using STEM imaging and STEM-EDS mapping
reveals structure of the oxide scale in finer detail, Figures 5.9 and 5.10.
To determine the crystal structure and the actual composition of this thin oxide scale, small
volume sections of the 10Cr oxide were obtained by FIB milling and examined in the TEM.
Figure 5.9a is a bright field STEM image of the 10Cr oxide which shows strong diffraction
contrast, enabling the grain size of the oxides to be determined. In contrast, Figure 5.9b is the
High Angle Annular Dark Field (HAADF) image. The contrast depends strongly on the atomic
number, Z, of the atoms in the specimen. Regions containing higher concentrations of heavier
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Figure 5.9: Overview of the oxidised surface in the 10Cr alloy after 196 h of cyclic oxidation at 800 ◦C
obtained using the bright field (a) and the HAADF STEM imaging modes (b).
elements scatter more electrons at high angles and therefore appear brighter. The Z-contrast
in the image shows clearly that the scale in the 10Cr alloy consists of three different layers after
high temperature cyclic oxidation.
Larger grains ∼ 100-200 nm in size were observed in the outer layer. The compositions of six
grains in the outermost layer were determined by point EDS, and the average is provided in
Table 5.5. This oxide contained Al, Co, O and small traces of Cr, with an average chemical
composition of 25 Al – 11 Co – 63 O – 1 Cr (at. %). To confirm the oxide phase, high-resolution
phase contrast lattice imaging was performed. The frequency domain image (Figure 5.11a) was
compared to a simulated diffraction pattern of Al2CoO4 (cobalt blue). Al2CoO4 has a cubic
spinel structure with lattice constant of 8.11 A˚ [207]. The average lattice constant for the tested
grained is 8.10 A˚, which it is close to the literature value. These observations confirm that the
outer layer of the 10Cr alloy is Al2CoO4. The alumina Al2O3 structure could not be matched
Table 5.5: Chemical compositions (at. %) obtained by point TEM-EDS (FEI Titan) for grains in the
distinct surface layers formed in the 10Cr alloy after 196 h of cyclic oxidation at 800 ◦C. * small traces <
0.3 at. %. The Co3 W analysis was performed to confirm the composition of the DO19 high aspect ratio
phase in the base metal.
Layer Co Al Cr W O Oxide
Outer 11 ± 1 25 ± 2 1 ± 1 – 63 ± 2 Al2CoO4
Middle 6 ± 5 5 ± 3 22 ± 7 1 ± 1 66 ± 2 CrO2/Cr2O3
Inner ∗ 36 ± 4 1 ± 2 ∗ 62 ± 3 Al2O3
Co3W 78 ± 2 1 ± 1 6 ± 3 12 ± 3 3 ± 3
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Figure 5.10: STEM-EDS map of the oxidised surface obtained for the 10Cr alloy after 196 h of cyclic
oxidation at 800 ◦C.
to any of the frequency domain images for the outer layer and can therefore be excluded.
The middle layer consisted of fine oxide grains. The average size of these was in the range of 30
to 40 nm. Point EDS showed that the average chemical composition for this layer was 22 Cr –
66 O – 6 Co – 5 Al – 1 W (at. %), which confirms that the middle layer is Cr rich. Two types of
Cr oxides were found in the frequency domain images. Figure 5.11b shows a frequency domain
image matched by a simulated diffraction pattern for CrO2, which has a tetragonal structure.
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Figure 5.11: Frequency domain images (left) from the oxide layers in the 10Cr alloy after 196 h of cyclic
oxidation at 800 ◦C and the corresponding simulated diffraction patterns (right).
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The lattice constants are a, b = 4.42 A˚, c = 2.92 A˚[208]. The measured average lattice constants
for this oxide were, b = 4.42 A˚, c = 2.91 A˚, which closely match the literature values. Cr2O3 was
also found in the middle layer (Figure 5.11c). It has a trigonal structure with lattice constants
of a = 4.96 A˚, c = 13.60 A˚[209]. The measured average lattice constants were a = 4.87 A˚, c =
13.56 A˚. Only CrO2 and Cr2O3 were found in the frequency domain images, but small traces of
Co, Al and W were detected by point EDS. This suggests that there is some solubility of Co,
Al and W in these oxides. It may also explain why the measured lattice constants in the Cr2O3
were slightly different from literature values.
The grain size in the inner layer oxide varied between 50 and 200 nm. The average chemical
composition of this layer was 36 Al – 62 O (at. %). This was confirmed to be Al2O3 with an
average calculated lattice constant of a = 4.77 A˚. The preferred crystal orientation for this oxide
is B = [0001], therefore it is not possible to obtain c lattice parameter. In this layer, small
bright spots/clusters were observed within this inner oxide layer in Figure 5.9b. On average,
these were found to be 5–10 nm in size. By using a STEM EDS line profile, it was found that
heavier elements (mostly Cr and to a lesser extent Co and W) were present in these spots.
One should note that spots which are systematic absences in the simulated diffraction patterns,
denoted by the asterisk symbol (∗), are present in the corresponding electron diffraction pattern,
Figures 5.6(c), and frequency domain images, Figures 5.11(a) and (b). Possible reasons for this
could be the non-stoichiometric nature of the oxides and (in the case of HR TEM) the inability
to image or resolve all of the atomic columns in the crystal lattice.
5.5 Discussion
In this study, the isothermal and cyclic oxidation behaviour of Co-Al-W base alloys at 800 ◦C
were conducted and compared. Both experiments show that alloying Cr, Fe and Si into the Co-
Al-W base alloys improved the oxidation resistance and adding V is very deleterious. The mass
changes obtained under cyclic oxidation at 16 h were greater than under isothermal oxidation
at 20 h. Therefore, oxygen attack on the alloys was more severe during cyclic oxidation. This is
because the metal substrates and the oxide scales have different coefficients of thermal expansion
and so large stresses are generated during cooling, causing cracking and spallation. Under
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isothermal oxidation the oxide growth behaved according to the parabolic law. However, the
temperature in the gas turbine engine varies cyclically during commercial operation and thus
cyclic oxidation experiments are more representative of these conditions. It has been suggested
that during cyclic oxidation, each cycle can result in spallation. Then on re-heating, freshly
uncovered regions then behave like a new metal surface, resulting in accelerated overall oxidation
[172]. The oxide spallation that results makes the diffusion of oxygen more difficult to predict
and control [174]. In the present case, cyclic oxidation, as well as providing an engineering test
more representative of actual gas turbine operation, also provided a very similar ranking to the
isothermal tests.
This study has also identified a change in the mechanisms of oxide scale formation between the
base alloy and the alloy containing 10 at. % Cr. The observations show that two different oxide
layers were formed by the base alloy in air at 800 ◦C. EDS mapping showed that the oxide scales
in the base alloy alternated between Al-free and Al containing oxides, with the point EDS and
diffraction patterns from TEM demonstrating that the outermost layer was Co3O4. Underneath
this a complex mixture of porous oxides formed, with high resolution lattice imaging showing
that both Co3O4 and Al2O3 occurred. Below this complex porous oxide, a thinner layer of
Co3O4 with a smaller grain size was found.
A schematic view of the oxide scale grown on the base alloy is shown in Figure 5.12a. The
current understanding of the oxide formation mechanisms in Co-Al-W alloys is limited. The
following scheme for the scale formation is proposed: firstly oxygen diffuses inwards through the
alloy. With the high Co content in the alloy, the formation of the stable Co3O4 is favoured at
800 ◦C. The partial pressure of oxygen and depletion of Co from the base metal then favour
the formation of Al2O3 at the metal/oxide interface, forming the second oxide layer. This then
results in the removal of Al from the base metal and consequently the precipitation of Co3W. The
remaining Co also oxidises to form finer grained Co3O4. This process produces a continuous and
distinct porous layer in the scale, composed of the two phases, which therefore cannot coarsen
and remain very fine grained.
Other alloys not containing Cr form oxide scales with multiple layers, in the same manner as
the base alloy, whereby the two types of layers alternate. The top layer is comprised of Co3O4
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Figure 5.12: Schematic representation of the oxide scales grown in a) Co-7Al-7W and b) Co-10Cr-7Al-
7W (at. %) after 196 h of cyclic oxidation at 800 ◦C.
grains, while the underlying layer is a mixture of oxides containing Co3O4 and Al2O3. In the
case of the base, 2Mo, 2V and 6Ni-4V alloys under cyclic oxidation several of these layers appear
to have formed in alternation with each pair separated from the next by some voids/cavities.
Three layers were observed in the 2Ti, 2Ta, 20Ni, 1Si and 20Fe alloys, with the innermost
being similar to the outermost and also consisting of Co3O4 grains. These alloys have a smaller
parabolic rate constant and given more time, it is possible that further layers would form. The
knowledge of oxygen solubility and diffusivity in the ternary and quaternary systems is limited.
Addition of un-reactive or only slightly reactive elements can have a dramatic effect on the
oxidation resistance of the alloy [143]. It suggests that the multiple alternating layers form due
to cracking associated with each cooling cycle, which then raises the oxygen partial pressure
at the metal / oxide interface and allows re-establishment of the Co3O4 growth mode. Once a
5.5. Discussion 125
sufficient thickness of this layer formed, then the alumina-containing scale began to form once
again, until cracking reoccurred, repeating the cycle.
Figure 5.12b shows a schematic view of the cross section of the oxidised 10Cr specimen. The
most important fact is that with 10 at. % Cr in the alloy, the oxide thickness is significantly
thinner (by two orders of magnitude) than the base alloy. Thus one can conclude that the
oxidation resistance is improved dramatically. The bright field image (Figure 5.9a) shows that
three layers of oxides formed in this specimen. The outer oxide layer was Al2CoO4. This oxide
is thermally stable and is usually synthesised at temperatures exceeding 1200 ◦C by a solid state
reaction between CoO and Al2O3 [210]. The mechanisms of formation of Al2CoO4 in the present
case is unclear. A possible reason could be that during the early stages of oxidation Co and Al
react with oxygen and form Co3O4 and Al2O3, and then 10 at. % Cr in the alloy promotes a
reaction between these phases at 800 ◦C, which produces the Al2CoO4.
CrO2 is found in the middle layer. Formation of CrO2 is not yet understood. It is known
that under ambient oxygen partial pressure at temperatures above 300 ◦C, this oxide becomes
thermodynamically unstable. It is usually produced by decomposition of precursor compounds
under high oxygen partial pressures under hydrothermal conditions [211]. The middle layer
contains another type of oxide - Cr2O3. Chromia has low diffusivity and improves oxidation
resistance because it is stoichiometric and therefore has very limited diffusivity for O. Although
at > 1000 ◦C it becomes unstable [173], chromia-containing scales are usually found to be more
corrosion and sulphidation-resistant than alumina scales are therefore usually felt to be desirable.
With most of the Co consumed in the formation of AlCo2O4, Al2O3 forms in the inner oxide layer
by internal oxidation. Al2O3 has even lower diffusivity for O than Cr2O3, which further slows
the migration of reactive species through the oxide scale and protects the alloy. Furthermore,
Al2O3 has better high temperature stability than Cr2O3.
While the base alloy also forms Al2O3, the amount formed is not sufficient to form a protective
scale. Furthermore, the Al2O3 containing layer is porous and contains Co3O4. Therefore, the
formation of protective scales of Cr2O3 and Al2O3, as observed in the 10Cr alloy, requires a
minimum amount of both Cr and Al. Below these critical levels, fast growing base metal oxides
form.
126 Chapter 5. Effect of Alloying on the Oxidation Behaviour of Co-Al-W Base Alloys
5.6 Conclusions
This study shows that oxidation-resistant, protective oxide scales can be formed in γ/γ′, Co–
Co3(Al,W) superalloys. The following conclusions can also be drawn:
• Both isothermal and cyclic oxidation experiments at 800 ◦C show that alloying Cr, Fe and
Si into Co-7Al-7W improved oxidation resistance, whereas, V was detrimental.
• Multilayer oxide scales was observed in the base, 2Mo, 2V and 6Ni-4V alloys under cyclic
oxidation. Three regions of interest formed in the 2Ti, 2Ta, 20Ni, 1Si and 20Fe alloys.
The thickness of these scales were greater than 100µm.
• A very thin oxide scale (∼ 1µm) was formed when 10 at. % Cr was added into the alloy.
• The oxide scale in all alloys not containing Cr comprised of two types oxide layers. The
outer layer was Co3O4 and the inner layer was a porous scale containing both Co3O4 and
Al2O3. W was detected in this layer, but no direct evidence for the presence of a tungsten
oxide phase was found. The two layers appear to periodically partially delaminate from the
alloy substrate, exposing its surface to air whereby it can grow another pair of layers. This
process produces the characteristic multi layer oxide scale, which possesses little benefit
to oxidation resistance.
• It is clear that the addition of Cr changes the mechanism of oxide scale formation. Three
layers of oxides were found in the 10Cr alloy under cyclic oxidation. The outer layer was
Al2CoO4, the middle layer was enriched with Cr and contained both CrO2 and Cr2O3,
whilst the inner layer is Al2O3. These three layers with low oxygen diffusivity adhere
well to the substrate and each other and so protect the alloy against high temperature
oxidation.
• Multiple techniques have been used to investigate the oxidation behaviour of these Co-Al-
W based alloys. This study has shown that a critical amount of both Al and Cr is required
to form a protective oxide scale. It also highlights the importance of using high-resolution
imaging techniques when studying thin oxide scales in multi-component alloys.
Chapter 6
Alloying and the Micromechanics of
Co-Al-W-X Quaternary Alloys
6.1 Summary
The lattice misfit and diffraction elastic constants in hot rolled polycrystalline Co-7Al-5W-2Ta
and Co-6Al-6W-2Ti (at. %) are measured using neutron and synchrotron X-ray diffraction. The
misfit in the two alloys was found to be +0.67 and +0.59 %, respectively, using neutron diffraction
at HRPD. The misfit was found to increase with temperature, as in nickel superalloys. This
implies that the amount of coherency strengthening increases with temperature. The diffraction
elastic constants measured show that the γ′ phase is less stiff than the γ matrix in all orientations,
which means that load shedding will occur to the γ phase.
6.2 Introduction
Starting in 2006, studies of Co-Al-W base alloys have mainly focused on physical metallurgy and
oxidation behaviour. This has given us an idea of how these alloys behave at the macroscopic
level. The micromechanics of Co-Al-W base alloys, however, remain an unexplored area. As
4The work described in this chapter has been submitted to ‘Materials Science and Engineering A’ under the
title ‘Alloying and the micromechanics of Co-Al-W-X quaternary alloys’.
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indicated by nickel base superalloys, it is important to investigate the deformation on the mi-
croscopic level because it influences the macroscopic response: e.g. the load partitioning which
affects the stresses that evolve in the γ/γ′ phases during creep [137; 212].
The micromechanical deformation behaviour are usually determined by high energy X-rays or
neutron diffraction techniques [136; 137; 212–214]. So far, high energy X-ray diffraction ex-
periments have been performed on Co-Al-W base alloys at high temperature, but only under
unloaded conditions. Positive lattice misfit values have been observed at both room temperature
and elevated temperature [132; 133]. Because the lattice parameters of the γ and γ′ phases are
similar in these alloys, and because of the limited resolution of the diffraction instrument, the
most recent diffraction spectrum provided by Pyczak et al. [132] has shown overlapping γ and
γ′ under the fundamental {002} peak. This causes difficultly in resolving the diffraction data
and achieve high degree of accuracy in terms of data analysis.
To try to overcome these challenges, micromechanical tests on both synchrotron and neutron
diffraction experiments in two polycrystalline Co-6Al-6W-2Ti and Co-7Al-5W-2Ta alloy were
performed, which have been chosen because alloying Ti and Ta into the base alloys increases the
γ′ solvus temperature and improves alloy strength [14; 115; 122]. These two alloys are therefore
good initial indicators of the micromechanics of the Co-Al-W base alloys.
In this chapter, the variation of the lattice misfit values and the variation of the diffraction
elastic constants (DECs) over a range of temperatures have been measured and are discussed.
A comparison is made between the different diffraction techniques.
6.3 Experimental Description
The nominal compositions and the actual compositions of the alloys are presented in Table 6.1.
The first batch of alloys produced were super solvus hot rolled at 1150 ◦C to a thickness of ∼
3 mm, and the second batch of alloys produced were hot rolled to ∼ 6 mm. For further details
on the melting and alloying processing routes, are provided in Chapter 3.
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Table 6.1: Measured compositions (ICP-OES), γ′ solvus temperature and secondary γ′ area fractions
(Af ) of the alloys studied. The subscript “#2” denotes the second batch alloys. The alloys were furnace
cooled after sub-solvus ageing.
Alloy Abbr. Composition (at. %) Ageing Solvus Af (γ
′)
(at.%) Al W others ◦C ◦C %
Co-7Al-5W-2Ta 2Ta 9.9 4.8 1.8 Ta 900 ◦C / 100 h 992 42
Co-7Al-5W-2Ta 2Ta#2 10.1 4.9 1.7 Ta 900
◦C / 100 h 982 –
Co-6Al-6W-2Ti 2Ti 6.4 6.0 2.2 Ti 830 ◦C / 200 h 919 58
Co-6Al-6W-2Ti 2Ti#2 6.5 6.0 2.3 Ti 830
◦C / 200 h 921 –
Microstructural examination was performed using a LEO 1525 Field Emission Gun Scanning
Electron Microscope (FEG-SEM) in secondary electron imagining mode. The preparations of
the SEM sample were perviously described in Chapter 4.
An FEI TITAN 80/300 Transmission Electron Microscope (TEM) was used to determine the
lattice misfit value of the 2Ta alloy, in order to provide a comparison with the values measured
by neutron diffraction and Synchrotron X-Ray Diffraction (SXRD). As the alloy is magnetic,
examination of a randomly orientated grain is rather complicated in TEM [133]. For this reason,
TEM specimens were prepared by FIB-milling (Helios NanoLab-DualBeam), normal to a <100>
direction.
6.3.1 HRPD Experiment to Determine Lattice Misfit
Neutron diffraction experiments were conducted on the HRPD (High Resolution Powder Diffrac-
tion) beamline at the ISIS facility, Didcot, Oxon., UK. The aim of this experiment was to
determine the evolution of lattice misfit with temperature. A schematic representation of the
experimental setup is shown in Figure 6.1a. The HRPD instrument is a high resolution, long
flight path, Time-of-Flight (TOF) spallation neutron diffraction beamline with detector banks
at 168◦, ±90◦ and 30◦. The 168◦ bank is a backscattering detector and was employed in this
study to obtain maximum d -spacing resolution. It can cover a wide d -spacing range with a
resolution of ∆d/d ∼ 4 × 10−4 [215]. Specimens were produced from the second batch (∼ 6 mm
thick) and machined into 40 mm long and 3 mm wide strips by Electrical Discharge Machining
(EDM). Several pieces of each alloy were packed inside a neutron-transparent vanadium can
and placed in an infra-red vacuum furnace. Room temperature and elevated temperature (with
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100 ◦C increments) neutron diffraction data were collected for each alloy. Typical neutron count
times were ∼ 20 min for each measurement.
6.3.2 SXRD Experiment to Determine Lattice Misfit and DECs
SXRD measurements were made using the I12 beamline at the Diamond synchrotron, Didcot,
Oxon., UK. Tensile specimens with a gauge section of 19 × 1.5 × 2 mm were prepared from
the batch 1 alloys using EDM with the gauge length parallel to the rolling direction. The
aim of this experiment was to determine the lattice misfit and DECs at room temperature
and elevated temperatures. The experimental set-up is shown in Figure 6.1b. The dog-bone
specimens were tested using a Zwick-Roell 5 kN tensile test rig in the beamline. An infrared
furnace was mounted onto the load frame. Specimens were loaded from 0 MPa to 270 MPa
under displacement control at a strain rate of 10−4s−1. Room temperature diffraction data were
recorded during loading with an exposure time of 1 s. Following unloading, the temperature
was ramped to 100 ◦C, isothermally held, with the loading and diffraction data measurement
process repeated. Following the 100 ◦C measurement the temperature was increased in 50 ◦C
increments, with the same loading and data measurement procedure. The process was performed
until temperatures were reached just below the solvus temperature of each alloy, Table 6.1. An
80 keV (λ=0.15675 A˚), 500 × 500µm monochromated X-ray beam was used during the tensile
loading and the diffraction data were recorded using a Thales Pixium 2D area detector, 1319 mm
from the specimen, in order to obtain full Debye-Scherrer diffraction rings. The rings were
integrated to provide intensity-2θ diffraction spectra using the Fit2D software package [186].
6.3.3 Measuring Lattice Misfit and DECs at the Vulcan Diffractometer
Vulcan, the medium resolution TOF neutron diffractometer at the Spallation Neutron Source
(SNS) at Oak Ridge National Laboratory (ORNL), TN, USA was also used to study the batch 2
alloys, Figure 6.1c. Dog-bone specimens with gauge dimensions of 19×1.5×3 mm were mounted
horizontally in a stress rig at 45◦ to the incident beam. The gauge volume of the sample was
heated using electromagnetic induction. The detectors are located at ± 90◦. The aim of this
experiment was to determine the evolution of the lattice misfit and DECs with temperature. To
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determine DECs, it is desirable to use the widest stress range possible while avoiding yielding.
Therefore the stresses used to measure the DEC’s were reduced as the temperature was increased,
Table 6.2. For the 2Ti alloy, a similar procedure was used. Count times at each stress level were
10 min.
Table 6.2: An example of the experimental loading procedure used at Vulcan (2Ta alloy). The stress
was incremented gradually as indicated, with the stress range being reduced as the temperature was
increased. The specimen failed at 600 ◦C/300 MPa.
30◦C, 150◦C 300◦C, 400◦C 500◦C, 600◦C
Load (MPa) Load (MPa) Load (MPa)
20 20 20
100 90 50
200 160 100
300 230 150
400 300 200
500 370 250
600 450 300
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Figure 6.1: Schematic depictions of a) the HRPD detector configuration in plan view; b) the in-situ SXRD experiment at I12; c) the Vulcan neutron
diffractometer at SNS. Figure adapted from [133].
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6.4 Results and Discussion
6.4.1 Initial Characterisation
The alloy compositions, solvus temperatures and secondary γ′ fractions are listed in Table
6.1. The achieved compositions were within 0.3 at. %, except for Al. The area fractions of γ′
phase presented in Table 6.1 were obtained by using ImageJ software package. Details of the
measurement methodology has been given in Chapter 4.
The solvus temperatures for the two batches of alloys are quite similar, within 10 ◦C. For this
reason, these two batches were selected for detailed comparison. As previously observed by other
workers, Ta additions raise the solvus temperature dramatically [112; 113; 115; 124].
The 2Ta alloy possesses a cuboidal γ′ morphology (Figure 6.2, left), with an average secondary γ′
size after ageing of 200 nm. The secondary γ′ area fraction was 42 %. It should be noted that the
total γ′ area fraction is greater than 42 %, when one accounts for the tertiary γ′, observable in
the micrograph. The fraction and size distribution of the tertiary γ′ will depend on the ageing
temperature and the form of the solvus curve with temperature. This means that, although
both alloys were aged approximately 90 ◦C below the solvus, the relative γ′ fractions cannot be
inferred from the secondary γ′ contents alone.
100 nm 100 nm
2Ta 2Ti
Figure 6.2: Microstructure of the base alloy; Microstructures obtained for the first batch of alloys after
the ageing heat treatment.
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The Ti-containing alloys had a solvus temperature ∼ 70 ◦C lower than the Ta alloys. Therefore,
alloying Co-Al-W base alloy with Ti has a smaller effect on the solvus temperature than alloying
with Ta. The secondary γ′ area fraction for the 2Ti alloy is slightly greater than in the 2Ta
alloy, with the secondary γ′ size being ∼ 80 nm (Figure 6.2, right). The longer ageing time used
may also have had an influence on the amount of secondary γ′ observed.
6.4.2 Analysis of X-ray and Neutron Scattering Data to Obtain Lattice Misfit
Values
Si powder standards were used to calibrate the HRPD and I12 instruments. The intensity-2θ
profiles (SXRD data) and the intensity-TOF profiles (HRPD neutron diffraction data) were
fitted using Rietveld refinement [188; 189] with the General Structure Analysis System (GSAS)
[187] software, in order to obtain the initial unstrained lattice parameters of each phase. In
this fitting routine, it was assumed that there was only Co in the FCC γ matrix, and the
alloying elements partitioned to the Co3(Al,W) γ
′ L12 phase. Figure 6.3 shows the GSAS-fitted
diffraction spectra obtained for the 2Ta alloy at room temperature and zero load (a) at I12
(SXRD), (b) at HRPD (neutrons).
The γ′ is an ordered superlattice structure of the γ. Therefore, for peaks with {hkl} all odd
or all even, the observed peaks are doublets due to scattering from both the γ and γ′ phases.
If {hkl} indices are mixed, the γ phase is systematically absent, but the superlattice reflection
may still occur from the L12 γ
′ phase. Therefore, the {100}, {110}, {210} and {211} peaks are
only from the γ′ whilst the {111}, {200} and {220} are doublet γ & γ′ peaks.
Two distinct peaks are observed for the the {111} using HRPD (Figure 6.3a), whereas the γ
and γ′ peaks are overlapped in the SXRD spectra from I12 (Figure 6.3b). This can be explained
by the difference in resolution of the two instruments. Because the lattice parameters of the
two phases are very close, the peaks may not be satisfactorily resolved if the resolution is poor.
The backscatter bank in HRPD is designed to achieve ∆d/d ∼ 0.05 %, which is the highest
resolution neutron diffractometer in the world. The resolution for SXRD at I12 is ∼ ∆d/d ∼
0.5 %. In the present case, the HRPD peak width is limited by the defect state associated with
using non powder samples and the presence of intermetallic phases, and the resolution is only
6.4. Results and Discussion 135
b) 
 
                                                                  
 
 
 1.7     1.8     1.9     2.0     2.1    
x 
10
 2  
 0
   
 
 1
   
 
 2
   
 
 3
   
 
 4
   
C
ou
n
ts
   
   
   
   
   
   
 2.2   
 
{111}
{200}
d (Å)
a)
                                                                  
 
 
 2.04    2.05    2.06    2.07    2.08    2.09    2.10   
 0
   
 
 5
   
 
10
  
 
γ γ'
{111}
C
ou
n
ts
   
   
   
   
   
   
d (Å)
Figure 6.3: Examples of the fitted diffraction spectra obtained from the 2Ta alloy at RT and zero load.
a) by neutron diffraction (HRPD, ISIS), b) by SXRD (I12, Diamond). Red circle and black square makers
correspond to γ′ and γ peaks, respectively.
around 0.2 %. This still allows the two peaks to be resolved, with a mismatch strain (misfit) of
around 0.7 %.
In contrast, the two peaks cannot be resolved at I12 and the reliance in the Rietveld refinement
is placed on the superlattice peaks instead. Thus, the {100} γ′ peak provides the primary
information to locate the {200} γ′ from the composite γ&γ′ reflection, allowing the refinement
to then isolate the {200} γ lattice parameter. When performed manually, this reduces to the
technique described by Stone et al. [192].
6.4.3 Analysis of X-ray and Neutron Scattering Data to Obtain DECs
Separate Voigt single and doublet peak fitting routines were employed in order to determine
the lattice strains of each phase in each plane for the synchrotron data, using the Wavemetrics
Igor Pro program (Figure 6.4). This allowed the determination of the (plane-specific) diffraction
elastic constants. The {200} and {220} composite doublet peaks were fitted in a similar method
to the method described by Coakley et al. [136; 137; 212]. It was assumed that i) both the γ
and γ′ have the same instrumental peak widths, ii) the shape of the Voigt function is the same
in both γ and γ′ peaks, iii) the positions of the {200} and {220} γ′ peaks are fixed from the
position of the {100} and {110} γ′ peaks respectively, and iv) the intensity ratio I γ/I γ′ of each γ
and γ′ phase in the {200} and {220} doublet peaks were defined from V fγ/V fγ′ . The V fγ′ were
estimated from SEM, Table 6.1. It has previously been determined that this approach performs
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Figure 6.4: a) Diffraction spectrum obtained by synchrotron diffraction for 2Ta at RT and zero stress.
b) Example of the single peak and double peak fitting routines employed during the data analysis, with
an intensity ratio I γ/I γ
′
=1.38.
just as well as structure factor-based calculations [192]. For the 2Ta alloy, the intensity ratio
was defined from the secondary γ′ precipitate area fraction (I γ/I γ′=1.38). The 2Ta data was
also fitted with a higher volume fraction (48 %) to account for the tertiary γ′ precipitates, and
the lattice parameters were found to be insensitive to small changes in volume fraction.
Figure 6.5a shows the TOF neutron diffraction spectra for the 2Ta alloy at room temperature
and zero load condition. The resolution of Vulcan is lower than that of HRPD, with ∆d/d '
0.25 %, but it was still possible to observe distinct γ and γ′ peaks for the {111} and {200},
Figure 6.5b. As with the I12 data, Wavemetrics Igor Pro was used to fit the doublet peaks, but
without the need to refer to the superlattice reflections. However, the intensity ratio and width
were fixed for each phase.
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Figure 6.5: a) Vulcan TOF neutron diffraction spectrum obtained for 2Ta alloy at room temperature
and zero stress; b) Example of {111} and {200} double peak fitting routine used in the Wavemetrics
program Igor Pro.
6.4.4 Lattice Misfit and Its Dependence on Temperature
Figure 6.6 shows the lattice misfit and its evolution with temperature for the 2Ta and 2Ti alloys
in the unloaded condition, from the Rietveld-refined neutron HRPD data and the I12 data. It
should be noted that the samples were from different alloy melts, Table 6.1. Both the HRPD
and I12 show that the lattice parameter for γ′ is always greater than that for γ, that is, the misfit
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Figure 6.6: Evolution of lattice misfit with temperature for the 2Ta alloys measured by both techniques.
The uncertainties estimated from the Rietveld refinement are shown.
is positive and increases with temperature. In contrast, commercial nickel base superalloys such
as CMSX-4 have a negative misfit of around −0.2 %, which also increases with temperature,
becoming nearly zero at service temperatures [137; 213; 214].
In addition to the importance of the sign and magnitude of misfit for rafting and coarsening, the
misfit is also the determinant of the amount of coherency strengthening. Commercial Ni base
superalloys derive much of their strength from anti-phase boundary; that is, the requirement for
dislocations shearing the γ′ to do so in groups, forming dislocation ribbons [216; 217]. Because
Ni base superalloys have been engineered to minimise coarsening and hence misfit, the contri-
bution from coherency strengthening is often quite low at temperature. In contrast, superalloys
exploiting the Co3(Al,W) phase should suffer minimal coarsening because of the low solubility
and diffusivity of W in the matrix γ phase. Hence, significant contributions from the large (up
to 0.7 %) misfit values measured here might be found.
The I12 data for the 2Ti alloy is perhaps the clearest. It shows that the misfit increases from
∼ 0.33 % at RT to 0.51 % at 750 ◦C, indicating a difference in thermal expansion coefficient
between the two phases of 2× 10−6 K−1. The I12 data for the 2Ta alloy shows a much smaller
thermal expansion coefficient differential between the two phases, of around 0.5× 10−6 K−1. In
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addition, both the neutron and X-ray results indicate that the 2Ta alloy has a higher misfit, by
0.1–0.2 %.
This can be rationalised by considering to the atomic radii of the constituent elements. Metallic
Al and W have very similar atomic radii, 1.43 and 1.37 A˚, respectively. Co and Ni both have
atomic radii of 1.25 A˚ [218]. Appealing to the Hume-Rothery rules [219], it is therefore expected
both that Ni-Al solutions would order to form Ni3Al and that Al and W could form a sublattice
together in the newly-discovered Co3(Al,W) phase. Ti has an atomic radius of 1.45 A˚ and Ta,
1.43 A˚. Therefore, is is expected that both Ti and Ta will increase the γ′ lattice parameter and
misfit and that both are strong γ′ formers. The hypothesise is that Ta segregates even more
strongly to the γ′ phase than Ti, which is consistent with its effect on the γ′ fraction [116; 122],
presumably because of its higher valency, and this then provides a rationale for why Ta increases
the misfit more than Ti.
As the temperature increases beyond 700 ◦C, the HRPD data suggests that the misfit began to
decrease in both alloys, and by much more in the 2Ti alloy than in 2Ta. This approximately
coincides with the temperature at which dissolution of the γ′ begins, which is presumably a
related phenomenon.
Disappointingly, the two techniques give misfit values that are quite different, by around 0.15 %
for the 2Ta alloy and over 0.2 % for the 2Ti alloy. It should be noted that different alloy batches
were used and so some of the discrepancy may be due to melt to melt variability. The HRPD
experiment, (i) used a diffractometer with higher resolution which was good enough to clearly
distinguish the γ and γ′ peaks, and (ii) sampled more material in more orientations. Therefore,
of the two data sets it is believed that the HRPD data is to be preferred.
For comparison, an FEI TITAN 80/300 FEGTEM was used to determine the lattice misfit for the
2Ta alloy. Diffraction patterns were obtained from the Fast Fourier Transform of lattice images
obtained using high resolution STEM, allowing a misfit of 1.2 % to be determined. Clearly this
was quite different to both the diffraction measurements, and, given the likely elastic constants,
would imply an almost incredible level of misfit stress, even given that the interfaces are diffuse
in these alloys. It is possible that localised heating by the electron beam was responsible for
this discrepancy, which only serves to highlight how difficult it can be to accurately determine
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lattice misfit in nm-scale coherent precipitates.
Pyczak et al. [132] have previously measured the misfit in Co-9Al-9W-0.1B using a doublet fit to
the {002} peak, obtaining a misfit of +0.8 % at room temperature, 0.35 % at 850 ◦C and 0.1 % at
900 ◦C. In contrast, Sato et al. [13] measured the misfit in Co-9.2Al-9W to be 0.5 %. Shinagawa
et al. [117] also found that the misfit decreased with Ni content, which they attributed to Ni
increasing the solubility of W in the γ; extrapolating their data to the Ni-free case implies a
misfit for γ/γ′ Co-Al-W two phase binary alloys of ∼ 0.5 %. These data serve to emphasise
that ∼ 0.2 % variation in misfit values between different studies is typical, with laboratory XRD
measurements giving lower misfit values than higher resolution techniques based on doublet
fitting. This reinforces the preference for the HRPD data over the I12 data.
6.4.5 Diffraction Elastic Constants at Room Temperature and 650◦C
Lattice strains were calculated from the relative change in plane spacing for each individual
peak, using ihkl=(d
i
hkl - d
i
0,hkl)/d
i
0,hkl, where d
i
hkl is the fitted d-spacing from each reflection in
each phase i, and 0 denotes initial, unloaded lattice parameter. The diffraction elastic constants
(DEC’s) for each lattice plane were then determined from the gradient of the stress vs. lattice
strain. It should be appreciated that the DECs are both texture and grain neighbourhood
weighted. Hence, the anisotropy of the DECs is less than that of the isolated single crystal
elastic constants (SECs). Given sufficient effort, the SECs can be recovered by modelling.
Figure 6.7 is an example of stress-lattice strain graph for synchrotron diffraction data, the figure
shows the {200} γ′ and γ in the loading direction for 2Ta alloy at room temperature. Here the
γ′ lattice parameters have been determined from the {100} peak, constraining the γ/γ′ {200}
doublet fit. Therefore, the scatter in the γ measurements is always greater than for the γ′. It is
found that the DEC for the γ′ is smaller than the γ, which means the γ is stiffer than the γ′ at
room temperature.
For comparison, the behaviour of the 2Ta alloy (batch 2) measured using the Vulcan neutron
diffractometer is provided in Figure 6.8. As previously discussed, Figure 6.5, the resolution of
Vulcan is lower than that of HRPD. Yet it is still possible to fit Voigt doublets to the combined
{111} and {200} reflections without the need to refer to the superlattice peaks. However,
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Figure 6.7: Stress-lattice strain graph showing the {200} γ′ and γ in the loading direction for 2Ta at
room temperature in I12 experiment. The uncertainties of the γ and γ′ lattice strains are estimated from
Igor Pro, which are in the range of 10−5 to 10−4.
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Figure 6.8: Stress-lattice strain graph showing the {200} γ’ and γ in the loading direction for 2Ta#2
at room temperature in the Vulcan experiment. The uncertainties of the γ and γ′ lattice strains are
estimated from Igor Pro, which are in the range of 10−5 to 10−4.
there are fewer measurement points due to the reduced flux and limited beam time available.
Combined with the lower resolution, this means that the fitted DECs will be less reliable (around
twice the uncertainty in the linear fit). The two techniques give the same DEC for the {200} γ′
stiffness, 95 GPa, but the γ results were not in agreement.
Table 6.3 provides the measured DECs in the 2Ta alloy at RT and 650 ◦C. The SECs vary
linearly with the cubic anisotropy parameter, Ahkl, although in a textured sample this may not
be true of the DECs. Nevertheless, the general trend observed is that the stiffness of the {100}
is the lowest, as with nickel base superalloys.
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Table 6.3: Constrained Diffraction Elastic Constants (DECs) (GPa) in the single, double and combined
peaks, measured by synchrotron diffraction. Data for CM247LC from [136] is provided for comparison.
Ahkl = (h
2k2 + h2l2 + k2l2)/(h2 + k2 + l2)2
3Ahkl Plane Phase 2Ta 2Ta 2Ti 2Ti CM247LC
hkl x (RT) (650◦C) (RT) (650◦C) (RT)
0 100 γ′ 95±4 118±8 102±8 148±10 179±6
0.48 210 γ′ 153±15 107±12 214±7
0.75 211 γ′ 207±14 146±8 235±9
0.75 110 γ′ 146±16 117±20 255±9
0 200 γ 110±2 112±1 132±2 138±1 157±15
0.75 220 γ 184±4 145±8 231±10
0 200 γ +γ′ 112±2 116±1 130±1 137±1 173±4
0.75 220 γ+γ′ 193±3 164±3 221±3 173±2 247±3
1 111 γ+γ′ 186±2 185±2 308±5 185±2 276±3
Tanaka et al. [139] have measured the ratio E111/E100 = 385/137 = 2.8 in liquid helium,
as compared to Ni3(Al,Ta) for which values of 315/117 = 2.7 were found. Therefore, at the
cryogenic temperatures that provide the best comparison to density functional calculations,
Co3(Al,W) is both about 20 % stiffer and 3 % more anisotropic in tension than Ni3Al. Despite
having a similar polycrystalline average Young’s modulus (209 GPa) to Ni, FCC Co is much more
anisotropic than Ni. Using the data quoted by Fisher and Dever [220] at room temperature of
C11 = 323 GPa, C12 = 102 GPa, and C44 = 66 GPa, the Kro¨ner DECs [221] for a texture-free
polycrystal in the {111}, {110} and {100} directions would be 195, 205 and 242 GPa.
With the two phases in the system having a cube-cube orientation, the apparent directional
moduli measured by diffraction for each phase will be modified due to the requirement for strain
compatibility, tending towards an average between the two. In addition, there will be load
shedding between grains in different orientations. Thus, lower levels of anisotropy are measured
in practice than would be observed in the isolated single crystals.
Therefore, the γ′ seems to be less stiff at room temperature than at 0 K, and much less stiff
than Ni3Al. In particular, the {100} DEC measured for both the 2Ti and 2Ta alloy is quite low.
Unlike in the nickel superalloy system, where at room and service temperatures the γ′ is the
stiffer phase, the γ′ is the more compliant phase in Co superalloys. Thus, load will be shed in
operating conditions onto the γ, which is undesired. However, as with nickel base superalloys,
the difference in moduli between the two phases is reduced at elevated temperatures more typical
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of gas turbine operation. Again, in common with nickel base superalloys, the anisotropy of the
γ′ moduli was generally found to decrease with temperature.
6.5 Conclusions
The misfit and diffraction elastic constants in rolled polycrystalline Co-7Al-5W-2Ta and Co-6Al-
6W-2Ti (at. %) have been measured using synchrotron X-ray diffraction at I12 (Diamond), as
well as by neutron diffraction at HRPD (ISIS) and Vulcan at SNS (ORNL). It is found that, in
these closely misfitting alloys, accurate determination of the lattice parameters is assisted by a
resolution that permits the FCC peaks to be observed directly for each phase, rather than relying
on constraining the position of the FCC γ′ peak position from the corresponding superlattice
peak and then fitting a closely-overlapped doublet.
Lattice misfit values for the -2Ta and -2Ti alloys were found to be around +0.67 and +0.59 %,
respectively, using HRPD. The misfit was found to rise with temperature, as in nickel base su-
peralloys. This implies that the amount of coherency strengthening increases with temperature.
The negatively misfitting nickel base superalloys show the opposite behaviour. In cobalt base
superalloys, which are not expected to suffer from rapid coarsening due to the low diffusivity of
W in the matrix phase, this should be a desirable feature.
The measured diffraction elastic constants show that the γ′ phase is less stiff than the γ matrix
in all orientations, which means that load shedding will occur to the γ phase. This is undesired.
For the development of engineering diffractometers that perform loading experiments in two
phase materials where the two phases possess a close crystallographic relationship, such as
martensites, shape memory alloys, superalloys and many other two phase metallic systems, it
is recommended that improved resolution be provided such that closely misfitting peaks can be
resolved more easily. In many cases such peaks correspond to the interface planes, which are of
fundamental interest. Therefore, improvements in instrument resolution are of great importance
to the study of advanced alloys.
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Chapter 7
Conclusions and Further Work
The main objective of this thesis has been investigate the basic phase metallurgy and oxida-
tion behaviour of Co-Al-W based alloys. A preliminary study of their micromechanics was
performed. A polycrystalline hot working ingot metallurgy processing approach was developed
and successfully applied to a series of Co-Al-W base alloys. This provides a possible route for
the development of polycrystalline Co-Al-W base alloys that can be used for the hot section
components of a jet engine, such as gas turbine discs. By applying the optimised heat treatment
of the alloys, observation of the γ/γ′ microstructures using SEM was achieved.
The influences of different alloying additions on the γ′ solvus temperature, volume fraction and
density were studied. As γ forming elements, the presence of Mo, V and Fe in the base alloys
lowered the γ′ solvus temperature, while additions of Ti and Ta increased the solvus temperature.
The substitution of 2Ta for W lead to a significant increase in the solvus temperature of 150 ◦C,
which allows a wider range of solution heat treatment temperatures and is beneficial to the
optimisation of alloy properties.
Several researchers have found that the Co3(Al,W) phase in the pure ternary system is metastable
at both 900 and 1000 ◦C. In this study, heat treatment temperatures ≤ 900 ◦C were applied to
examine phase stability. Undesirable secondary phases were often observed in these alloys. The
results showed that the γ′ phase co-existed with the γ matrix, CoAl, Co3W and Co7W6, even at
temperatures below 900 ◦C. Most of these secondary phases were observed after solution heat
treatment.
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Further addition of Cr could destabilise the γ′-Co3(Al,W) phase. This was proven by Cr addi-
tions lowering the solvus temperature and excessive amount of Cr in the alloys destabilising the
desirable γ/γ′ microstructure. By pushing the Cr content up to 23 at. %, it was found that the
γ′ solvus temperature could no longer be determined.
Shinagawa’s [117] study showed that between both Ni3Al - Co3(Al,W) and Ni-Co, there exists
a continuum dividing the γ and γ′ phases in the Co-Al-W-Ni system. In this project, the
influences of Ni additions were also investigated and this showed that Ni additions in the base
alloy increased the solvus temperature and helped to restore the γ/γ′ microstructure in the
Co-Al-W-Cr base alloys. The shape of the γ′ became more spherical as the Ni content increased
due to a decrease in the lattice misfit.
A fundamental requirement of practical alloys is that they must be oxidation resistant under the
operating conditions, unless alternatives such as an oxidation-resistant coating are applied. How-
ever, such coatings tend to suffer from poor reliability in service, as well as being prohibitively
expensive.
Both isothermal and cyclic oxidation experiments were conducted to examine the alloying ef-
fects on the oxidation behaviour of the Co-Al-W base alloys. The results showed that in both
experiments, alloying Cr, Fe and Si into the base alloy improved oxidation resistance, while V
additions were detrimental.
Multilayer oxide scales were found in the non-Cr containing Co-Al-W base alloys under cyclic
oxidation. With thicknesses greater than 100µm, these oxide scales mainly consisted of Co
oxides which are non protective. Fortunately, it was found that the addition of 10 at. % Cr was
sufficient to change the oxide formation sequence. A three-layer oxide scale was found under
cyclic oxidation. The outer layer was Al2CoO4 which has a spinel structure, the middle layer
consisted of fine-grained Cr2O3 and CrO2, and the inner layer was Al2O3. Although three-layer
oxides were present in Cr containing alloys, the oxide thickness was ∼ 1µm. This observation
clearly demonstrated that these three layers with low oxygen diffusivity adhered well to the
substrate and each other. Therefore, the oxide scale protected the alloy from further oxidation.
This finding is in agreement with the original findings in the 1970s [154; 155] that a three
layer oxide scale could be formed in the Ni-Al-Cr base superalloys, which meant that oxidation
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resistance in Cr-containing Co-Al-W base superalloys is possible.
This work enabled the ongoing work of Mr. M. Knop to develop practical Ni- and Cr-containing
γ/γ′ Co disc alloys and the collaborative development in that project of a patentable alloy
composition.1
Finally, neutron and synchrotron diffraction were used to explore the lattice misfit and elastic
constant variation with temperature in the alloys. The High Resolution Powder Diffraction
(HRPD) neutron diffractometer was found to be the best instrument in this case, because it
gives the most reliable data. It was found that the Ti and Ta containing alloys had lattice
misfits of +0.67 and +0.59 % at room temperature, respectively, using HRPD. The lattice misfit
values were found to be in line with temperature variation. The measured diffraction elastic
constants indicated that the γ′ phase was less stiff than the γ matrix in all orientations. This
is an undesired feature because the γ phase is exposed to substantial load shedding at high
temperature, which is very likely to cause failure of the material during service.
7.1 Suggestions For Further Research
For a viable successor of the conventional gas turbine material to be developed and come into
service, much further fundamental work on the deformation behaviour, processing and alloying
of γ/γ′ Co superalloys needs to be done. These will include optimisation of the casting and
refining practice; optimisation of the deformation processing and heat treatment to improve
the grain boundary carbides and interstitials; investigation of the in-service creep, fatigue and
environmentally-assisted degradation behaviour, and establishing a database for design and
lifing. However, because a viable replacement for the nickel base superalloys appears to be
possible, a rationale now exists for the funding of such research programs that examine the
fundamental behaviour.
3D atom probe studies will be of particular application in understanding the partitioning between
the γ and γ′ phases. The potential findings will enable the expansion of the thermodynamic
databases used in programs such as ThermoCalc. Following the comprehension of the phase
1D. Dye, M. Knop, H.-Y. Yan, M. Hardy and H. J. Stone. γ′ strengthened cobalt & nickel based superalloy.
GB Patent application GB1312000.1, filed 4th July 2013.
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compositions and stability, calculations of the Vegard’s law coefficients and estimates generated
of the anti-phase boundary and stacking fault energies that underly the dislocation behaviour can
be performed. Creep studies of the dislocations in different regimes is another interesting subject,
which will lead to the generation of creep models. Solid solution Co alloys are generally quite
resistant to sulphidation, but the underlying mechanism in this new alloy system is still unclear
and requires further investigation. In addition, the fatigue behaviour, particularly oxidation-
assisted low cycle and dwell fatigue, and the effect of grain boundary carbide optimisation will
also be key areas of future research.
Appendix A
Force Balances on Different
Dislocation Models
A.1 Weakly Coupled Dislocations
To balance the forces that act on both the first and second dislocations in the weakly coupled
dislocation pair is given below [71; 75],
For the first dislocation,
τbL1 +R+ F1 = 0 (A.1)
For the second dislocation
τbL2 −R+ F2 = 0 (A.2)
where, τbL1,2 is the driving force for shearing the particles; R is the repulsive force to keep the
pair of dislocations separated; F 1,2 = γAPBd1,2 and is due to the APB energy; the terms F 1,2
have opposite signs due to the APB being produced by the 1st dislocation and removed by the
second dislocation.
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Adding Equations A.1 and A.2,
2τb+ γAPB
d2
L2
= γAPB
d1
L1
(A.3)
It is assumed that the second dislocation is approximately straight, and the ratio d2/L2 = V f .
If the repulsive force is sufficiently low that d1/L1 = V f , then it will be a straight dislocation.
If the repulsive force is high enough then d1/L1 can be expressed using the Friedel spacing L
′.
The derivation is below,
d1
L1
=
2rs
L′
(A.4)
By setting,
τ = τ1 = (
γAPB
b
) · (
2rs
L′
) (A.5)
The flow stress τ for a single dislocation is calculated by considering the effective obstacle spacing
as a function of applied stress for fine precipitates and slightly bent dislocations, and this is given
by Ham et al. [71]
τ = (
γ
3
2
APB
b
) · [
4rsVf
piT
]
1
2 = (
γAPB
b
) · (
4γAPBrsVf
piT
)
1
2 (A.6)
Equations A.5 and A.6,
d1
L1
= (
4γAPBrsVf
piT
)
1
2 (A.7)
Therefore, Equation A.3 becomes,
2τb+ γAPBVf = γAPB(
4γAPBVfrs
piT
)
1
2 (A.8)
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And, the critical shear stress τ c is given by,
τc =
γAPB
2b
[(
4γAPBVfrs
piT
)
1
2 − Vf ] (A.9)
For a screw dislocation, the line tension T is approximated as 1/2Gb2. So, Equation A.9 becomes,
τc =
γAPB
2b
[(
8γAPBVfrs
piGb2
)
1
2 − Vf ] (A.10)
A.2 Strongly Coupled Dislocations
The balance of the forces that act on both the first and second dislocations in the strongly
coupled dislocation pair is given below [71; 75],
Rearranging Equations A.1 and A.2,
τb(L1 + L2) + (F1 + F2) = 0 (A.11)
and,
τb(L1 − L2) + 2R+ (F1 − F2) = 0 (A.12)
In the strongly coupled dislocation, L1 and L2 are now equal and are approximate to the square
lattice spacing L. The dislocation cuts through the precipitates if τb(L1 + L2) ≥ F 1 + F 2.
Therefore,
2τbL+ (F1 + F2) = 0 (A.13)
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and,
2R+ (F1 + F2) = 0 (A.14)
The applied stress 2τbL in Equation A.13 is determined by the precipitate interaction force
Fmax, where Fmax = -(F 1 + F 2). The force F 1 and F 2 are opposite in sign and they depend
on the line length l{x1,2}, which is the distance of the dislocation inside the precipitates from
the point of entry. The symbol x denotes the distance that dislocations have penetrated into
the precipitate. If the precipitates are spherical in shape, the geometry of the function l{x}, is
given by 2(2rx - x2)1/2. So, F 1 = - γAPBl1{x1}, and F 2 = γAPBl2{x2}.
As the first dislocation starts to cut the precipitates, the second dislocation is just in contact
with the precipitates, F 2 = 0. Therefore, Fmax = -F 1, and the position for l{x1} is now l{xm}.
Equations A.13 and A.14 become,
2τbL = −F1 · {xm} = γAPB · l{xm} (A.15)
and,
2R = −F1{xm} = γAPB · l{xm} (A.16)
Equation A.16 shows that the maximum precipitate interaction force Fmax depends on the
repulsive force R and the distance xm. If two dislocations have the same sign and are separated
by xm, then the repulsive force R is estimated to be (Gb
2)/(2pixm) per unit length [222; 223].
w is introduced to account for the remaining dislocations segment and uncertainties in the form
of a dimensionless constant.
So,
R = w ·
Gb2
2pi
·
l{xm}
xm
(A.17)
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Using Equations A.15, A.16 and A.17, it is shown that,
τ =
1
2
(
Gb
L
) ·
w
pi
·
l{xm}
xm
(A.18)
To estimate xm, Equations A.15, A.16 and A.18 are used,
xm =
2w
γAPB
· (
Gb2
2pi
) (A.19)
As mentioned before, for spherical precipitates, l{xm} = 2(2rxm - xm2)1/2. Therefore, l{xm}/xm
= 2[(2r/xm)-1]
1/2.
From Equations A.18 and A.19,
τc =
1
2
(
Gb
L
) ·
2w
pi
· [
2rpiγAPB
wGb2
− 1] 12 (A.20)
Finally, Hu¨ther and Reppich [75] show to the τ c depends on r and V f , and they use L = [(pi
1/2/2)
· 2r]/V f 1/2.
τc =
Gb
r
·V
1
2
f ·
w
pi
3
2
· [
2rpiγAPB
wGb2
− 1] 12 (A.21)
A.3 Orowan Bowing
As precipitates reach a critical size, dislocation bypass may occur during bowing. The Orowan
bowing model demonstrates bowing at low temperature depends on the radius of the curvature
ρ that a dislocation is bent by an applied stress τ ,
τb =
T
ρ
(A.22)
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The line tension T is given by [224].
T =
Gb2
4pi
φ′ ln
L
2b
(A.23)
The minimum value of ρ for a dislocation to bent is 1/2 L, where L is the interparticle spacing.
Also, φ′ = 1/2 [1 + 1/ 1-υ], L = [(pi/V f )1/2 - 2]rs.
Therefore, the increment in flow stress ∆τ expresses as,
∆τ =
Gb
2piL
φ′ ln
L
2b
(A.24)
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